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Streszczenie

Aby umozliwi¢ dalszy rozwoj pamieci typu flash nalezy zastapi¢ powszech-
nie dzi$ uzywang krzemionke cienka warstwa materiatu o wysokiej statej die-
lektrycznej, co umozliwi dalszg miniaturyzacje zapobiegajac rownoczesnie
wzrostowi pradu tunelowego. Aby tego dokonaé potrzebne sg szczegbdltowe
badania, ktére moga wytoni¢ najbardziej odpowiedni materiat z bardzo licz-
nego grona potencjalnych kandydatow.

W niniejszej pracy gléwna metoda pomiarowa byta Spektroskopia Mass
Jonéow Wtérnych wyposazona w analizator czasu przelotu (z angielskiego
ToF-SIMS), ktora przebadano cienkie warstwy kompozytowego materiatu
Al «SixOy o zréznicowanej strukturze, poczawszy od czystego tlenku alu-
minium (x = 0) az do x &~ 0.4. Prébki zostaly wytworzone przy pomocy
techniki Atomic Layer Deposition (ALD) na podiozu krzemowym Si(001)
z naturalng warstwa tlenku lub dodatkowa warstwg SigN, o grubosci 6nm.
Nastepnie probki poddano obrébcee termicznej poprzez zastosowanie meto-
dy Rapid Thermal Annealing (RTA) w szerokim zakresie temperatur (650 -
1100°C) oraz w réznych atmosferach (azotowej, tlenowej i wodorowej).

W trakcie pracy zidentyfikowano i scharakteryzowano wiele zjawisk fi-
zycznych wywotanych przez obrobke termiczna: krystalizacje, kurczenie, gest-
nienie oraz dyfuzje krzemu z substratu poprzez cienkie warstwy, ktorej po-
Swiecono najwiecej uwagi w niniejszej pracy. Wykazano, ze w probkach kry-
stalicznych dominujacym mechanizmem jest dyfuzja wzdtuz granicy ziaren
polikrystalicznych.

W dalszej czesci pracy dokonano opisu ilosciowego zjawiska dyfuzji i wy-
kazano, ze energia aktywacji zalezy od ilosci krzemu zawartego w materia-
le kompozytowym i zmienia si¢ zgodnie z nastepujacymi wzorami: F, =
0.8 — 0.51x eV dla probek amorficznych oraz E, = 2.64 + 1.65x eV i E, =
3.10—0.53z eV dla probek krystalicznych wytworzonych na naturalnym tlen-
ku oraz z dodatkowa warstwg azotku krzemu. Szczegdétowa analiza tzw. pro-
filow glebokosci wykonanych metoda SIMS dostarczyta satysfakcjonujacego
wyjasnienia tego faktu: tlenek krzemu posiada silng tendencje do reakcji z
warstwa Aly_Si; Oy tworzac w ten sposoéb warstwe przejsciows, ktéra znacznie
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utrudnia dalsza dyfuzje krzemu z substratu. Stwierdzono, ze krzem, ktoéry do-
tart na powierzchnie probki zostaje tam uwieziony i w trakcie dalszej obrobki
termicznej nie powraca wgtab probki, a jedynie porusza sie po powierzchni
cienkiego filmu. Wyznaczono, ze energia aktywacji dyfuzji powierzchniowej
wynosi E, = 1.50 £ 0.03 eV, a maksymalny wspotczynnik proporcjonalno-
sci dyfuzji powierzchniowej jest o dwa rzedy wielkosci wiekszy od dyfuzji w
poprzek probki i dlatego w czasie dtugotrwatej obrobki termicznej na po-
wierzchni prébki tworzy sie jednorodna warstwa krzemu. Za pomocg trzech
niezaleznych metod wykazano, ze w pewnym momencie nastepuje wysycenie
tego procesu i krzem nie moze juz w wiekszych ilosciach gromadzi¢ si¢ na
powierzchni probki.

W dalszej czesci dokonano ilosciowego opisu procesu dyfuzji. Maksymalny
wspOlezynnik proporcjonalnosci dyfuzji Dy (w nieskoniczenie wysokiej tem-
peraturze) dla czystego tlenku aluminium wynosi (1.6 & 0.3) x 10712cm? /s,
(2.9+0.2) x 107*em? /s oraz (6.7 4 0.2) x 1073cm?/s dla (odpowiednio) pro-
bek amorficznych, krystalicznych wytworzonych na naturalnym tlenku oraz
krystalicznych z dodatkowa warstwa azotku krzemu. Doktadna analiza profili
gtebokosci pozwolita na wyjasnienie tej rozbieznosci miedzy dwoma typami
probek: okazalto sie, ze SiO, znacznie tatwiej wchodzi w reakcje z warstwa
Al SicOy tworzac warstwe przejéciowa, ktéra wstrzymuje dalsza dyfuzje.

Poprawnos¢ wyznaczonych parametrow dyfuzji potwierdzono dodatkowo
badaniami dielektrycznymi. Poréwnano wartosci eksperymentalne wzglednej
przenikalnosci elektrycznej oraz obliczone na podstawie modelu teoretyczne-
go 1 okazalo sie, ze wszystkie wartosci (dla réznych grubosci prébek i/lub
zmiennych parametréw obrébki termicznej) pozostaja w zgodzie.



Abstract

The development of the next generation charge trapping non-volatile memory
devices requires replacement of the blocking oxide material (currently SiOq)
with a high-k dielectric thin film. Precise analytical characterization may
appoint the most potent material from a large variety of possible candidates.

This work focuses on the Time-of-Flight Secondary lon Mass Spectroscopy
(ToF-SIMS) of Al;«Si Oy thin films with composition varying from pure
Al,O3 up to x &~ 0.4. Samples were fabricated by the Atomic Layer Deposi-
tion (ALD) on Si(001) wafers with either native oxide or additional 6 nm thick
SizNy layer and further treated by the Rapid Thermal Annealing (RTA) in a
wide range of temperatures (650 - 1100°C) and ambients (nitrogen, oxygen,
hydrogen).

Variety of thermal induced phenomena were identified and properly char-
acterized: crystallization, compaction, densification and the diffusion of sili-
con from the substrate which was the central aspect of this work. The grain
boundary diffusion was identified as the diffusion mechanism in crystalline
samples. The diffusion-induced surface segregation of silicon was further in-
quired into and the activation energy of the surface diffusion was found to
be E, = 1.50+0.03 eV. Furthermore it was acknowledged that the diffusion
coefficient of the surface diffusion is two orders of magnitude higher than in
the bulk and thus formation of an evenly segregated layer during the thermal
processing is expected. Three independent methods proved that this process
was saturable and at one point no more silicon could be agglomerated at the
surface of the sample.

It was further noted that the activation energy of the diffusion depends
on the amount of silicon in compound material and the relation was found to
be E, = 0.8—0.51x eV for amorphous samples and F, = 2.64+1.65x eV and
E, =3.10 — 0.53z eV for crystalline samples deposited on native oxide and
silicon nitride, respectively. Detailed analysis of the SIMS depth profiles pro-
vides a satisfactory explanation of this phenomenon: SiO5 has much stronger
tendency to react with Al; (SiyOy material forming an interface layer that
restrain further diffusion of Si from the substrate.



The corresponding pre-exponential factor Dy (the diffusion coefficient at
infinite temperature) for pure alumina thin films was found to be (1.6+£0.3) x
10~ *2cm? /s, (2.94:0.2) x 10~ %em? /s and (6.74:0.2) x 10~3cm? /s for amorphous,
crystalline deposited on oxide and crystalline deposited on nitride samples,
respectively.

The validity of the diffusion parameters was further confirmed by the
dielectric measurements. The theoretical and experimental values of the
relative permittivity of the samples were compared and found to be in an
agreement.
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Chapter 1

Introduction

The development of electronic devices is one of the most crucial task of the
human society. The wide range of appliances like memory and processing
units for computers, sources of a renewable energy, batteries, sensors, actua-
tors and many more are increasing the quality of a human life. The present
technology is reaching its limit and better devices cannot be manufactured
just by improvement of the well known solutions. A breakthrough came with
nanotechnology: an interdisciplinary science compromising fields of physics,
chemistry, biology, medicine and engineering.

This research strives for a better comprehension of the production and
operation processes of a charge trapping non-volatile memory devices. A
proper analytical approach is the key to manufacture more efficient, stable
and cheaper appliances. A careful material characterization can not only
explain why the performance of the device is not as good as expected, but
also can suggest a suitable solution of the problem.

There are two main targets of this work, first is to describe thermal in-
duced processes occurring in an ultra thin alumina material which is con-
sidered to be among the most promising candidates for a blocking oxide re-
placement in next generation of charge trapping non-volatile memory devices.
Second, is to prove that Time-of-Flight Secondary Ion Mass Spectroscopy
(ToF-SIMS), despite the current trend of using it only for preliminary qual-
itative measurements, may provide a lot of detailed information, including
quantitative description. Even though it cannot work as a completely in-
dependent method after creating suitable models based on other techniques
ToF-SIMS can be used to identify and describe unknown samples.

In Chapter 2 I will describe the urgent need for a replacement of silicon
dioxide with a suitable high-k material. Starting with famous Moore’s law,
the observation and forecast which became the ultimate goal of an entire
chip industry; I will continue by pointing the reason of a breakdown of silicon

13



14 CHAPTER 1. INTRODUCTION

based memory devices and eventually I will introduce the concept of the high
k-material, their main advantages and drawbacks.

A proper characterization of the solid state material cannot exclude the
concept of defects. I will start with a general definition, followed by the
distinction of a several groups of defects. A possible interaction of defects will
be further discussed with a strong emphasis on its influence on the diffusion
process.

The manufacturing process of the high-k material is usually difficult and
elaborated. I will not describe in detail every production stage but rather
focus on one of the most important production step: thermal annealing.
It is well known that the high temperature processing induces diffusion of
materials and therefore I will present a sufficiently detailed summary of the
theory of the diffusion process.

In Chapter 3 I will describe basics and setups of production and analytical
techniques that were used in the experiment. The main emphasis will be
placed on the Time-of-Flight Secondary Ion Mass Spectroscopy, the leading
method used in the most of characterizations. I will discuss the complexity,
usefulness and possible applications of the method. I will argue that despite
many difficulties the quantification of the obtained results is possible. The
data evaluation process will be described in detail.

Chapter 4 will be dedicated to the presentation of all thermally induced
processes that were successfully characterized, namely crystallization and the
resulting compaction and shrinkage, diffusion with a strong indication on its
mechanism, segregation, interface formation and surface diffusion. Com-
plementary dielectric measurements will also be shown. All results will be
presented in qualitative and quantitative description.

In the last part, Chapter 5, I will summarize achievements of my work and
discuss usefulness of ToF-SIMS technique as a leading analytical method.



Chapter 2

Theory

2.1 High-k materials

2.1.1 Moore’s law and its limitation

Moore’s law is an empirical observation that describes the long-term develop-
ment of the computing hardware and states that the number of transistors,
the fundamental building blocks of all computer chips, that can be placed on
an integrated circuit, doubles approximately every two years (see Figure 2.1).
It was first described by the Intel co-founder Gordon E. Moore in 1965 [1]
with some later revisions about the time of doubling the number of transis-
tors [2]. At the beginning it was rather an observation and forecast. Moore
claimed that the trend will follow for at least ten years, but as his law was
widely accepted and set as an ultimate goal of the entire chip industry [3] it
turned out to be true for almost half a century with a strong probability to
continue in the following years.

The constant development of new production techniques allowed this
trend to be fulfilled. However the ultimate limits of the law were known
and obvious: the fundamental barrier is a size of an atom. This fact was
mentioned several times by Moore himself [4], but the vision of breakdown
came much earlier, still far from the atomic size. The development of a new
generation of chips used advancing production techniques which allowed fur-
ther downscaling of the transistors, but the material used for a gate dielectric
remained the same for decades: silicon dioxide. It became clear that at some
point even if the further decrease of the oxide thickness was possible it would
disturb the performance of the device. As the thickness of the oxide drops
below 2nm the leakage current caused by the tunneling effect increases dras-
tically leading to a waste power consumption and reduced device reliability.
The future of silicon based devices is coming to its end.
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Figure 2.1: Moore’s law. Line: CPU transistor count doubling every two
years. Dots: generations of processors.

2.1.2 New materials

The gate oxide of a transistor can be modeled by a parallel plate capacitor
with a capacitance given by:

HEOA
t

where k is the relative dielectric constant of the material (3.9 for SiO,), € is
the permittivity of free space, A is the capacitor area and t is the thickness
of the capacitor oxide.

The increase of the capacitance can be achieved not only by downscal-
ing the oxide thickness, but also by the increase of the relative dielectric
constant. It can be done by replacing the silicon dioxide with a material
with higher dielectric constant. The colloquial name used for such oxides is
high-k materials. Even a thicker layer of such a material may assure higher
capacitance with the drastic reduction of the leakage current.

Intensive studies to implement the high-k materials in manufacturing of
electronic devices are performed worldwide. Unfortunately this is connected
with a complex production process. Silicon dioxide is formed by simple
oxidation of a Si substrate. It assures high uniformity and a good quality of

C = (2.1)
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an interface which has a major influence on the performance of the electronic
devices. A high-k material that can potentially be used as a replacement of
the silicon dioxide as a gate dielectric must fulfill many requirements, not only
being able to integrate in manufacturing process, but also should maintain
high thermal and chemical stability, mobility of charge carriers and minimize
the number of defects which reduce the performance of the device. Another
feature that a potential material should have is a relative low production
cost. This is very important if the material is to be used in mass production.

Many materials are considered as a potential candidate for a gate oxide
replacement [5-15]. Among them there are hafnium dioxide [16-24], hafnium
silicate[24-29)], zirconium dioxide[30-32], zirconium silicate[25, 26, 33-35] and
aluminum oxide[36-40].

2.1.3 Aluminum oxide

From the group of pure metal oxides, alumina is considered to be among the
most promising candidates for a suitable replacement of the blocking oxide
material in a charge trapping nonvolatile memory devices [36-40]. The in-
crease of the dielectric constant is only moderate (from 3.9 for SiOy to 9 for
Al,03), but alumina is known to be one of the chemically and thermody-
namically most stable materials [41, 42].

2.2 Defects

A perfect crystal exhibits a periodic structure and every atom should be in
the correct position at repeating fixed distances, described by the unit cell
parameters and thus mass and charge density have the periodicity of the
lattice. A perfect crystal, however, does not exist as all crystals have some
defects which disturb this periodicity. The name ‘defect’ can be confusing
and considered as something unwelcome, yet in many cases defects are de-
sired and intentionally introduced as they contribute and may enhance the
properties of the material. For example adding alloying elements to a metal
may increase its tensile strength, or doping semiconductors to enhance its
electrical properties can be considered as a way of introducing crystal de-
fects.

A good comprehension of the diffusion process requires additional knowl-
edge about the microstructure of the solid materials. As it will be presented
in the following sections the diffusion in a crystalline phase is mostly re-
lated to the various types of defects in the lattice and therefore it is essential
to acquire at least the basic comprehension about defects in the solid state
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materials before the detailed considerations about the diffusion process may
begin. The concept of so-called point defects was introduced in 1926 by
Yakov Frenkel [43] and further developed by Walter Schottky in 1930s [44].
Nowadays, the theoretical and experimental knowledge about the defects is
enormous. However, it is not the scope of this work to present the detailed
information about the thermodynamic reasons, formation processes, stabil-
ity, equilibrium concentration, behavior and other topics related to defects.
They are, however, covered in numerous literature [45-80] while in this work
only a general information about different types of defects will be presented.
The following sections will serve as a background for understanding diffu-
sion mechanisms, barriers, traps, segregation and other defects-dependent
diffusion-related processes.

Defects can be classified into four main groups depending on the number
of dimensions that the defect is extended over.

2.2.1 Point defects

As the name suggests those defects are not extended in space in any dimen-
sion but rather localized at or around a single lattice point. However, there is
no strict definition of the size of the point defect, but typically it is limited to
a few extra or missing atoms occurring at one lattice point or in a very close
proximity. Furthermore, point defects are usually not permanently fixed at
a specific position. They have the ability to migrate across the sample, espe-
cially in elevated temperatures. The detailed information about the mobility
of defects can be found in the following sections. Several variations of point
defects can be considered and most of them are presented in Figure 2.2.

e Vacancy defect occurs when an atom is missing in the lattice site which
would be occupied in a perfect crystal (see Figure 2.2.1.). Usually a
collapse of the neighboring atoms is not observed due to the stability
of the crystal structure. Vacancies are common, especially at high
temperatures when atoms are frequently and randomly changing their
positions leaving behind empty lattice sites. A vacancy is often denoted
as a Schottky defect.

e Interstitial defect occurs when an atom occupies an interstitial void in
the crystal structure i.e. a site where no atom can be found in a perfect
crystal. An extra atom can be the same or smaller than atoms found
in the lattice giving rise to the self interstitial (see Figure 2.2.2.) and
the impurity interstitial defects (see Figure 2.2.3.), respectively. The
concentration of the self interstitial defects is usually low specially for
the tightly packed lattice as the extra atom distorts and highly stresses
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Figure 2.2: Schematic illustration of point defects in a compound solid con-
sisting two different types of atoms in the lattice of a perfect crystal (red
and green orbs) 1. Vacancy defects 2. Self interstitial defects 3. Impurity
interstitial defect 4. Substitutional defect 5. Antisite defects 6. Frenkel

defect

the structure. Atoms which form the impurity interstitial defects are
usually much smaller than the atoms in the bulk matrix and fit well
into the open spaces of the lattice structure without causing stress.
Therefore the abundance of the impurity interstitial defects is usually
much higher than the self interstitial defects and are often introduced
intentionally to change the properties of a material. For example car-
bon atoms, with a radius of 0.071nm, are added to iron to make steel.
They fit nicely in the open spaces between the larger (0.124nm) host
atoms.

Substitutional defect often denoted as substitutional impurity occurs
when an atom of a different type than the bulk atoms replaces one of
the atoms in the lattice (see Figure 2.2.4.). Usually impurity atoms are
similar in size to the bulk atoms (within approximately 15%). Those
defects are very common as materials are never 100% pure. Similarly to
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the impurity interstitial defects they are often introduced intentionally
to change the properties of a material. Brass can be a good example,
where zinc atoms with a radius of 0.133nm have replaced some of the
copper atoms, which have a radius of 0.128nm.

e Antisite defect occurs only in an ordered material with at least two
different types of atoms in the lattice. An antisite defect is formed
when an atom is on a site which is occupied in a perfect crystal, but
it is not the correct type (see Figure 2.2.5.). As an example the body
centered cubic lattice with two different types of atoms (e.g. cesium
chloride crystal structure) can be considered. If type A atoms occupy
the corners of a unit cell, and type B atoms are found in the center the
antisite defect is formed when the unit cell has an A atom at its center
or a B atom at one of its corners.

e Topological defect is formed when the chemical bonding of atoms is
the same as in a perfect crystal, but the topology differs from the
surroundings. An example is the Stone Wales defect in nanotubes,
which consists of two adjacent 5-member and two 7-member carbon
rings while all atoms should be aligned in rings containing six atoms.

e Complex defects are formed when two or more simple defects are joined
and bound together. They cannot be treated separately as they influ-
ence one another. For example a nearby pair of a vacancy and an in-
terstitial defect is often denoted as a Frenkel defect (see Figure 2.2.6.).
In this case the vacancy cannot be taken by some other atom because
it is prevented by nearby interstitial atom, which in turn cannot move
easily to another void because it is energetically unfavorable as it will
cause significant stress. Other types of combinations are also possible:
divacancies; two small interstitial atoms may effectively share the same
void or even be additionally bound to a nearby vacancy.

So far only defects in crystal structures have been considered, but amor-
phous solids may contain them as well. They are essentially harder to define
as the amorphous materials do not have a periodic structure. The most com-
mon type of a defect in a amorphous material is a dangling bond which is
formed when an immobilized atom has too few bonding partners to satisfy
its valences and possesses unpaired electrons. The dangling bonds are usu-
ally formed at the surface of the sample, but can be found in the bulk as
well when some atoms are missing (e.g. non stoichiometric relation between
silicon and oxygen in amorphous silica). This concept is somewhat similar to



2.2. DEFECTS 21

the vacancy defect in crystalline structures and some consequences of both
types of defects can be often described in the same manner.

The point defects are usually not pinned at their positions, but rather
propagate around the sample, especially for elevated temperatures. For ex-
ample small interstitial impurities can relatively easily change the void or
the vacancy can be taken by a neighboring atom leaving an empty space and
thus effectively vacancies move in opposite directions than atoms. The mo-
bility of point defects plays a significant role in many processes occurring in
the sample, particularly the diffusion which will be discussed in the following
sections.

2.2.2 Linear Defects - Dislocations

Dislocations are linear defects around which the periodic distribution of
atoms is disturbed. They are usually generated as a result of stress ap-
plied to the sample. Furthermore, dislocations have an ability to move in
the sample if the stress is still present. The knowledge about the motion
of dislocations is required to explain many properties of some materials, for
example the plastic deformation of a metal. However, the mechanism of mo-
tion of dislocation is significantly different than it was for point defects. The
simultaneous movement of line arranged defects would require a considerable
amount of energy, whereas gradual motion allows propagation of dislocations
even at lower energies.

Two basic types of dislocations can be distinguished and the main differ-
ence is that a dislocation line moves parallel or perpendicular to the applied
stress for the edge and screw dislocation, respectively. However, most dislo-
cations are actually combinations of both types.

An edge defect can be considered as an extra half-plane of atoms in a
lattice. Figure 2.3.1. presents a single layer of atoms with an edge dislocation.
As it can be seen the disturbance of the positions of atoms is located only
in the immediate vicinity of the top of the unfinished atomic line. However,
as the same situation holds for layers of atoms located above and below, it
can be understood that the defective points lie along a line which runs on
the top of the extra half-plane.

If the stress is applied to the material the dislocation will move. As
shown in Figure 2.3.1. the top part of the crystal moves gradually, slipping
one plane at a time. The movement of the dislocation across the plane
eventually causes the top part of the crystal to move with respect to the
bottom half. This movement does not require breaking all the bonds across
the middle plane simultaneously. To the contrary, only a small quantity of
the bonds are broken during a single slip and therefore the deformation of
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Figure 2.3: The edge dislocation as an extra half-plane of atoms in a lattice.
If stress is applied (black arrows) the dislocation will propagate in the sample
slipping one plane at a time, eventually reaching the edge of the sample.

the material is possible even if a relatively small force is applied (smaller
than needed to deform a perfect crystal).

The screw dislocation (Figure 2.4) is different in this respect that the
dislocation line propagates perpendicular to the applied stress. As it was
with the edge dislocation, the movement of the screw dislocation requires
much smaller force than would be required to break all bonds across the
middle plane simultaneously.

2.2.3 Planar defects

Planar defects are commonly defined as interfaces between homogeneous re-
gions of the material. Unlike point and linear defects, the mobility of planar
defects is usually limited as it would require a significant amount of energy to
move considerable quantity of atoms forming those defects. Migration of pla-
nar defect can only occur if the elevated pressure and temperature are present
in the sample. Several types of the planar defects can be distinguished:
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Figure 2.4: The screw dislocation and its movement along the sample as
a result of applied stress. The black arrows indicating the direction of the
stress were removed in most of the diagrams for a better visibility.
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Figure 2.5: Several types of planar defects: 1. A perfect hexagonal close-
packed (hep) structure. 2. An hep with both types of anti-phase boundaries.
3. A perfect face centered cubic (fcc) structure. 4. Stacking fault of hep
structure with additional layer of fcc structure. 5. A twin region: two hcp
structures surrounding fcc structure.

e An anti-phase boundary occurs commonly in ordered compounds. The

crystallographic direction is not affected, but the ordering of indi-
vidual planes is altered. As an example the hexagonal close packed
(hep) structure (Figure 2.5.1.) can be considered. A perfect hcp
structure consists of alternating layers A and B with different atom
distribution (i.e. ABABABABAB stacking). An anti-phase will be
crated if two layers of the same type will be placed next to each other
(i,e. ABABAABABA or ABABABBABAB stacking). Figure 2.5.2.

presents both possible anti-phase boundaries for hcp structure.

A stacking fault can be understood as a disruption of the long-range
stacking sequence over a few atomic spacings (usually one or two).
This kind of defect appears in many crystal structures, but can be
easily shown for the close packed structures: the face centered cubic
(fce) structure (Figure 2.5.3.) has the same arrangement of the first
two layers as the hcp structure. However, the third layer is diverse.
In the hcp, as already mentioned, the atom arrangement is the same
as in the first layer, whereas it is different for the fcc: atoms are not
placed directly above those in the first layer but arranged differently
preserving, however, a close-packed structure. The hcp structure with
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the stacking fault occurs when the perfect arrangement is not preserved,
but a single layer characteristic for the fcc structure (C) can be found

in the sample (e.g. ABABABCABABAB). Figure 2.5.4. presents a
stacking fault for the hep structure.

e A twin region is similar to a stacking fault, but is extended over more
layers i.e. it occurs when a stacking fault does not correct itself imme-
diately but continues over some number of layers. The name of the
defect originated from the fact that a structure can be considered as
consisting two different phases (e.g. hep and fec) separated by a set
of twin stacking faults. For example if an hcp structure is subjected
to have a twin region it may results in ABABABCABCABCABABA
stacking (see Figure 2.5.4.)

e A grain boundary is a significantly different type of defect as it concerns
polycrystalline materials while all previous examples applied to single
crystals. However, most solids are composed of a number of crystallites,
usually called grains. Each of them can be considered as a single crystal
with the size ranging from nanometers to millimeters, depending on the
material and the growth process. Furthermore, the orientation of each
grain is usually different with respect to neighboring grains. Figure
2.6 presents a schematic illustration of a polycrystalline material with
grains differing in size and orientation.

Grains are usually formed due to the non-uniform growth of a crystal
with many crystallization centers, each resulting in different crystal
orientation. At the interface between two grains the atomic mismatch
can be observed and the properties of the material along this interface
are significantly different from the bulk material, e.g. weak bonding
makes them preferred sites for the onset of corrosion. Furthermore,
the presence of the grain boundaries tends to decrease the thermal and
electrical conductivity of the material and limit the lengths and motions
of dislocations through a material and thus, the strength of the material
can be improved by reducing the crystallite size. The most common
way to control the grain size is to adjust properly the cooling rate of
the material after the thermal treatment. Generally, smaller grains will
be produced during rapid cooling, whereas large grains will be formed
for slower process.

Tilt and twist boundaries (see Figure 2.7) are two basic types of grain
boundary defects. However, similarly to the dislocations, most grain
boundaries are actually combinations of both types. It is also common
to distinguish low and high angle boundaries [81-84] as their properties,
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Figure 2.6: Polycrystal consisting of crystallites with different sizes and orien-
tations. The distance between grains is exaggerated to visualize the concept
of grain boundaries.

like energy distribution and mobility, differ significantly. However, this
topic has a limited importance in this work and therefore it will not be
discussed further.

e External surface - although it may seem not proper to consider the
surfaces of the sample as defects, but it can be easily justified as they
consist of atoms extended in two dimensions with properties signifi-
cantly different from the bulk atoms of a perfect crystal.

2.2.4 Bulk defects

Bulk defects are extended in all directions and with much bigger scale than
the rest of the defects described in this section. As it can be easily concluded,
their mobility is drastically reduced and usually they do not move in the
sample. Two basic types can be distinguished:

e Voids are defined as regions where a lot of atoms are missing from the
lattice and can be considered as clusters of vacancies. The formation of
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Figure 2.7: Formation of grain boundaries between two ideal cubic grains: a
tilt boundary (1.) and a twist boundary (2.)

voids, however, varies: they may occur due to trapped air bubbles or
as a result of shrinkage of a material during solidification process and
are commonly called porosity and cavitation, respectively.

e Precipitate are regions where a large quantity of impurity atoms form
a cluster with a different phase.

2.2.5 Defect interaction

It has been indicated several times that defects can interact with one another
forming complex defects, or changing the respective properties, however, the
concept of defect interaction has not been discussed in details. Yet, it is very
important to acknowledge some processes that undergo between defects in
order to understand properly the following sections concerning the diffusion
rate. The comprehensive knowledge about the defect interaction is available
in the literature [85-90], whereas this section will be limited only to a brief
introduction of a few aspects which have the strongest relevance to the dif-
fusion process. However, it is rather difficult to define strictly each type of
interactions as they tend to occur simultaneously and some of them are the
consequences of the others and therefore the following examples should be
treated as a general description of defect interaction. Schematic illustration
of defect interaction can be found in Figure 2.8

e Clustering - defects have an ability to bind together forming more com-
plex defects with properties significantly different from that of individ-
ual parts. For example divacancies allow an easier atom exchange than
a single vacancy. On the other hand the mobility of the bound inter-
stitial impurities is strongly reduced. In a similar way, when a large
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Figure 2.8: A few examples of defect interaction: 1. Small interstitial impu-
rities reach the void in the material and start to form a precipitate. 2. At low
temperatures the diffusion of impurities along the sample is energetically un-
favorable and therefore impurity atoms are bound inside a precipitate. 3. At
elevated temperatures bonds in the precipitate break and the bulk defect can
be considered as a source of impurities which can diffuse along the sample.
4. Twin region with higher packing efficiency prevents the penetration of
interstitial impurities. However, larger spacing due to the mismatch between
the phases enhances the diffusion along the defect plane.
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quantity of vacancies or impurities starts to agglomerate (forming voids
and precipitates, respectively) they will not be able to move around the
sample freely.

e Disintegration - a process opposite to the clustering. Some complex
defects may decompose giving rise to several more basic defects. For
example at elevated temperatures the bond between atoms in precipi-
tate may break and many single-atom impurities will be introduced and
free to propagate across the sample. In this manner the precipitate may
become a source of diffusing impurities.

e Immobilization - it is very often that one defect may slow down or even
prevent the motion of the other defect. Impurities and grain boundaries
are well known for preventing the movement of dislocations. Planar and
bulk defects can form regions impenetrable for other defects forming
the diffusion barriers.

e Enhancement of the mobility - on the other hand some defects may
actually promote the faster movement of defects. Furthermore, usually
this property is anisotropic. For example along dislocations and grain
boundaries the spacing between atoms is larger than in the bulk mate-
rial. It allows easier diffusion of impurities but only along those defects
and thus so called high diffusivity paths are created.

2.3 Diffusion in solids

Diffusion is a time depending process in which the material is transported due
to the atomic or molecular thermal motions. It occurs in matter regardless
the state, but the kinetics and dynamics of the diffusion in gases, liquids
and solids differs significantly and therefore each of them should be treated
separately. The diffusion in solids is the central aspect of this work and
therefore the diffusion in fluids will not be discussed.

A lot of technologically important processes are based on the diffusion
phenomenon. Among many one can mention doping of semiconductors, ox-
idation of metals, hardening of steel, sintering or formation of solid-state
compounds. To control those processes precisely the deep knowledge about
the kinetics and dynamics of the diffusion is required. An intensive study
of the solid state diffusion has been performed and described worldwide for
more than half a century [91-117].

As it was already said, the diffusion process differs significantly for dif-
ferent states of matter. However, even if only the solid state diffusion is
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considered, there are fundamental differences in the diffusion mechanism de-
pending on the phase of the material. For example for crystalline phase the
diffusion is mostly related to the various types of defects occurring in the
lattice e.g. vacancies, interstitials, dislocations, free surfaces, grain or phase
boundaries etc. The mobility of atoms along those defects is typically much
higher then in the lattice and therefore so called high-diffusivity paths play
the most significant role in the whole diffusion process in the solid. However,
this concept cannot be applied to disordered materials like glasses. Typi-
cally, the diffusion in disordered materials is not localized as it is an often
case in crystalline material. Furthermore, a particle moving in the ordered
state usually always meets the same energy barrier, whereas in amorphous
materials the broad distribution of the energy barriers is expected. Therefore
the effective mobility of the particle is not determined by the average energy
barrier height but rather by the highest barrier that has to be overcome.
Consequently, the diffusion in amorphous material is often subject to size
dependency.

As it was clearly shown, the diffusion is a very complex process. There
are a few general rules to describe it, but further investigations should be
performed separately for each material type. Since the semiconductors are
the key material in this work, this section will be limited to summarize the
essential knowledge about the diffusion in semiconductors only. Furthermore,
it has to be noted that the rate of the diffusion in solids is very slow when
compared to fluids and therefore it has to be taken into account that in
most cases the appreciable influence of the diffusion will only take place at
elevated temperatures. Consequently, other high temperature related pro-
cesses (e.g. crystallization, oxidation or even melting) have to be taken into
consideration as well.

2.3.1 Fick’s laws of diffusion

The general equations that quantitatively describe the diffusion process are
called the Fick’s laws of diffusion and were introduced by a German scien-
tist Adolf Fick in 1855 [118]. Observations of salt-water system undergoing
diffusion led him to the conclusion that the flux of diffusing material goes
from the region of higher concentration towards the region with lower con-
centration, being proportional to the concentration gradient. Almost half a
century before (1807) a French mathematician and physicist Jean Baptiste
Joseph Fourier introduced analogous equations describing the heat flow and
its relation to the temperature gradient [119]. Although both theories were
purely empirical their importance cannot be underestimated. They provide
the general rules governing diffusion and heat transport processes, respec-
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tively, and the further development and understanding of those phenomena
were not only based on them, but also confirmed their validity.

It is very important to emphasize that since the Fick’s laws of diffusion
are very general each specific solution may be very complex and should be
treated separately. The procedure of solving the diffusion equation is signif-
icantly different depending on the anisotropic properties of the material or
even on the type of coordinate systems (Cartesian, cylindrical, spherical) that
is used to describe the particular case. In this work the silicon out-diffusion
from the substrate through the thin films was investigated and therefore only
one dimensional solutions of the Fick’s equation will be considered as it fits
best for this particular experiment. Solutions of diffusion equations for vari-
ous coordinate systems can be found in most books concerning the diffusion
process, while the detailed knowledge about the diffusion in anisotropic ma-
terials was covered in many books concerning nonlinear partial differential
equations [120-124].

Fick’s First Law
The relation between diffusion flux and the concentration gradient intro-

duced by Fick follows:
oC

J = D% (2.2)
where J is the diffusion flux in dimensions of [(number of atoms) m™? s!], D
is the diffusion coefficient in dimensions of [m? s71], C is the atomic density
in dimensions of [(number of atoms) m™], and x is the position [m]. This
equation represents the simplest form of the Fick’s first law of the diffusion.
However, some complexities may arise from the fact that the diffusion co-
efficient is not necessarily a constant value. As it was suggested before it
may be altered by the anisotropic properties of the material but also by its
concentration dependency.

Equation of continuity

For a simple diffusion process it can be assumed the the number of diffusing
particles is conserved. This implies that no chemical reaction of diffusing
particles, nor exchanges with sources, nor sinks are present in the system
(more complex situations will be covered in the following sections). Let us
consider a test distance Az at some particular point of the material with
the flux J across this distance. If the sum of the inflow and outflow of the
material across the distance Az is not balanced a net accumulation or loss
must occur. It can be expressed with a simple formula:

oc 9
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This equation is known as the equation of continuity.

Fick’s Second Law

The Fick’s First Law (eq. 2.2) and the Equation of continuity (2.3) can
be combined and the rate at which the concentration changes in diffusion
system can be derived:

x x

Which is denoted as the Fick’s Second Law of the Diffusion, or diffusion
equation. This is a second order partial differential equation. In case of
concentration dependent D the equation is non-linear and usually cannot be
solved analytically. As it was already mentioned, this situation will not be
covered in this work. However, if the diffusion coefficient is constant (i.e. does
not depend on the location nor concentration) the order of the differentiating
can be exchanged:

(2.4)

g, _0C 0*C
—(D—)=D— 2.
8x( Ox ) Ox? (2:5)
And thus one obtains the simplified version of the Fick’s Second Law of the
Diffusion, which is often denoted as linear diffusion equation:

oC 0*C

which describes the change of a concentration with time.

2.3.2 Solutions to the diffusion equations

To describe the diffusion process quantitatively the solution (i.e. concentra-
tion as a function of time and position) to the Equation 2.6 has to be found
and the diffusion coefficient has to be determined. Despite some assump-
tions (e.g. D is constant) this equation is still very general and there is no
universal solution as the system may vary in many aspects like size, type
of the source, initial and boundary conditions. It is virtually impossible to
show every solution or even present the procedure of solving the diffusion
equation for most experiments and therefore this section will again be sig-
nificantly reduced. A few very simple solutions will be shown to present a
general procedure followed by more complicated situations, which fit best
for this particular experiment. A more comprehensive description of the
mathematical solutions for the diffusion equations can be found in numerous
textbooks (e.g. [125-128]). As the diffusion problem was already compared
to the heat transfer, it is also very helpful to study solutions of heat equations
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(e.g. [129]). In most cases by a simple replacement of the temperature with
the concentration and the corresponding thermal with mass diffusivity, one
can obtain solutions for many particular diffusivity problems. Furthermore,
some of the diffusion equations cannot be solved analytically and therefore
numerical methods have to be employed. The description of this procedure
can be found in literature as well [101, 126-128, 130].

Instantaneous planar source

The first important step is to consider the diffusion from a plane source
into the infinite system. At the beginning of the experiment (¢ = 0) the
concentration is zero everywhere except for the point where the plane is
located (x = 0) where it is infinite. It can be expressed as:

O(x,0) = Mé(z = 0) (2.7)

where M denotes areal density of diffusing particles and §(x = 0) the Dirac
delta function. For ¢t > 0 particles spread into the system and a straightfor-
ward integration of Equation 2.6 shows:

C(x,t) = At~z ar (2.8)

In an infinite medium the material is not consumed during the diffusion and
therefore it is possible to evaluate the parameter A as follows:

M:/ C’(x,t)dx:/ At~be i da (2.9)

Changing the variables:

2

2 _ T
= I
2z
2ndn = —d
= ape ™t
i n:idx

V4Dt 4Dt
dx = V4Dtdn (2.10)

And substituting to the Equation 2.9 one can obtain:
M= Atz / e~ \/ADtdn = AVAD / e dy = AVixD  (2.11)

And therefore

(2.12)
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It can be substituted to the Equation 2.8 and the so called Gaussian solution
can be formulated:

C(z,t) = M o~ i (2.13)

’ VArDt '

In this solution half of the material diffuses in the positive direction and
the other half in the negative one. In reality this situation is very rare as it
describes some kind of a sandwich geometry in which the planar source of the
diffusing particles is placed in between two semi-infinite regions occupying
negative and positive half-spaces. However, this solution can be very useful
when taken into account that it is symmetrical about = 0 which means that
it is also valid for a semi infinite situation where the diffusion occurs only in
one direction i.e. when the thin film of diffusing particles is deposited on the
surface of a sample with considerable larger thickness. This simple solution
proved to be very useful in description of many experiments, for example Si
doping by diffusion. In this situation the solution of diffusion equation differ
by a factor of 2 with Equation 2.13 and reads:

M .2
Clx,t) = \/me iD? (2.14)

The quantity Ly = V4Dt is called a diffusion length and a straightforward
calculation based on Equation 2.13 or 2.14 may prove that the diffusion length
is an average distance that particles propagated into the sample. The concept
of the diffusion length appears often in other diffusion-related problems and
provides useful information: the infinite system assumption is only valid if
the sample extent L is much bigger than the diffusion length (L > Lg).
Otherwise this model cannot be applied and another description should be
found. Equation 2.14 is illustrated on Figure 2.9 for different diffusion lengths
and its application is discussed for specific sample size L.

Instantaneous planar source approximation can be used to describe the
experiment providing the thickness of the sample is much larger than both
the diffusion length and the deposited thin film. The solution is very useful
and frequently used but still limited. Hence other models have to be exploited
as well.

Volume source

The setup of many experiments is designed is such a way that diffusant
is spread evenly over some finite region rather that concentrated on a single
plane. Let us consider the most general situation consisting a semi infinite
volume source with a constant concentration Cj that extends from —oo to
x = 0 at time t = 0. This problem is often denoted as a diffusion couple,
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Figure 2.9: Semi-infinite Gaussian solution of the diffusion equation for a
sample size L = 10a.u. and varying diffusion length L;. The semi-infinite
assumption is valid for Ly = la.u. and Ly; = 2a.u., questionable for L; =
5a.u. and not applicable for L; = 10a.u.

where two semi-infinite bars with different compositions are joined and per-
mitted to mix. The volume source of the diffusant can be considered as a
stack of plane sources with thickness d¢, each of them containing an areal
density Cyd&; of material located at &.

As it was assumed that the diffusion process is linear (diffusion coefficient
does not depend on the location nor concentration), the principle of super-
position can be used to solve this problem. According to Equation 2.13 the
distribution of the material coming from the plane at z = £ equals to:

(2.15)

The superposition of each individual response from all planes can be ex-
pressed as an integral:

0 0 Cy (z—8)2
Clat) = / dCi(x, ) — / Vel (2.16)
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By changing the variables and limits of integration by:

E=—-00o—=>n=x (2.17)

One can obtain:

ZDt 2 0 2 0 2
C’(a:,t):—ﬁ/ﬁe_” dn:—ﬁ(/ e dn—/ e dn) =

x

V4Dt

o 2 _ V4Dt 2 _ﬁﬁ_ﬁer xT o
([ e [T ey = S - er () -
%[1—671;0( T ))(2.18)

Ny
g

where 5 o
erf(z) = ﬁ/o e "dn (2.19)

is the definition of the error function. One can also introduce the definition
of the error function complement:

erfe(x) =1—erf(z) (2.20)

and thus obtain a so-called Grube-Jedele solution:

T

VADt

Just like in the previous case the diffusion length L; = v/4Dt is an average
distance that particles propagated into the sample. To successfully use the
Grube-Jedele solution the system has to fulfill following requirement: the
size of both bars, which can be called the source (L) and the acceptor (L,)
of diffusant must be much bigger than the diffusion length. Equation 2.21 is
illustrated on Figure 2.10 for different diffusion lengths and its application is
discussed for specific bars size L, and L,.

The Grube-Jedele solution describes the situation where the extent of the
volume source is semi-infinite i.e. Ly > Ly. However, if the size of volume
source is limited, one can use the same procedure to calculate adequate solu-
tion. Let us consider the simplest case: a slab confined between —h < z < h

C(z,t) = %erfc( ) (2.21)
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—Ld= 1a.u.
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Figure 2.10: The Grube-Jedele solution of the diffusion equation for a size
of source bar Ly = 4au. (—4 < x < 0) and acceptor bar L, = 10a.u.
(0 < x < 10) and varying diffusion length L;. Dashed line shows the initial
distribution of diffusant. The semi-infinite assumption is valid for Ly = 1a.u.
and Ly = 1.5a.u.. For L; = 4a.u. the requirement L, > L, is met, but
L, > L, is not. For L; = 10a.u. none of the requirements is fulfilled. In the
last two cases the Grube-Jedele solution cannot be applied.

with a uniform initial concentration Cj. Once again, the volume source can
be treated as a stack of plane sources and the concentration of diffusant along
the x-axis is given by the superposition:

h
Co _@-92
Clx,t :/ it ( 2.22

(x ) _h \/47TDZfe 3 ( )

Performing similar calculation, the final solution expressed with error func-
tions can be derived:

1 h—x h+x

Clx,t) = =Cyler f(——) + er
Figure 2.11 illustrate the ’slab diffusion’ case for different diffusion lengths.
Similar to the Equation 2.13, the solution is symmetrical about x = 0
and describes the propagation of the material in both directions. In case

)] (2.23)
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Figure 2.11: Diffusion from slab with a width of 2A for varying diffusion
length L4. Dashed line shows the initial distribution of diffusant. The validity
of the semi-infinite assumption is similar to Gaussian solution.

of the one direction diffusion (i.e. diffusant initially concentrated in volume
with limited thickness propagating into semi-infinite region) a superposition
principle should be applied resulting in an additional factor 2 in the Equation
2.23.

Constant surface concentration

In previous models the total amount of diffusing material was kept con-
stant and its distribution was well described by the initial conditions. How-
ever, many experiments are designed in the way that an increasing amount
of diffusing particles is incorporated into the sample. To provide a uniform
diffusion process the experiments are often designed with a constant con-
centration of diffusant at the surface of the sample (e.g. carburisation and
nitridation of metals).

In this situation the solution of the diffusion equation can be very easily
derived from the Grube-Jedele solution. A straightforward calculation based
on Equation 2.21 leads to the conclusion that the concentration at x = 0 is
constant and equal % for t > 0. This property is clearly visible on Figure
2.10. Therefore if we assume that the surface of a semi-infinite sample is
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located at = 0 and the concentration of diffusing particles is kept constant
and equal to C = %, the solution can be directly derived as:

C(z,t) = Cser fe(

) (2.24)

gg

However, it is essential to emphasize that the similarity of the mathemat-
ical formula cannot lead to the conclusion that this is the same solution. In
the Grube-Jedele solution the total amount of diffusing material was constant
while in this case it is increasing with time and the amount of material which
diffuses into the sample per unit area in time can be calculated as follow:

M(t) = /000 Cser fe( )dx (2.25)

x
V4Dt
By changing the variables and limits of integration to:

x
NV
dx = V4 Dtdn

r=0—=n=0

T=00—1=00 (2.26)
one can obtain:
M(t) =V 4DtCs/ erfc(n)dn (2.27)
0

By using a well-known property of the error function complement:

& 1
erfe(n)dn = — 2.28
| erretnan = = (2.28)
The final solution can be obtained:
4Dt
M(t) =1/ —C4 (2.29)
T

Although the exact relation can be different for various experiments, the
general conclusion that the amount of material which diffuses into the sample
is proportional to the square root of time is valid for most experiments with
constant surface concentration of the diffusant.
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Reflective boundary

So far only the solutions with a sample size approximated as infinite or
semi-infinite were discussed and many times it was indicated that this as-
sumption is not valid for many types of experiment. If the extent of the
sample is comparable with the diffusion length it has to be determined what
is happening with the diffusant at the sample boundary as it can undergo
many different processes (e.g. evaporation, accumulation or reflection). Each
situation should be considered, some are easy to calculate while other cannot
be solved analytically and require numerical methods.

At the beginning let us consider a simple case of a reflective boundary.
Initially the material is confined and evenly distributed over a slab with
thickness 2h centered at = 0. Using the superposition principle it is easy
to derive the diffusion equation for a system which extends between x = —I[
and x = [. It is expressed with infinite series of error functions:

o0

C(x,t) = %Co Z(erf

h—+2nl —x h—2nl+x

Jibi erf Jibi ) (2.30)

Figure 2.12 presents this general solution for a case with a finite source and
a finite system size. By exploiting the superposition principle one can easily
derive the solution for other types of sources (planar, volume or constant
surface concentration) with reflective boundaries.

Laplace transform

As it was already briefly indicated, many diffusion problems are difficult
or even impossible to solve using the standard calculation procedures. How-
ever, there are several mathematical methods which proved to be helpful in
physics, particularly in solving partial differential equations. Among other
the Laplace transform seems to be very suitable for solving the diffusion
equations.

The Laplace transform is a linear operator that transforms the function

f(t) to a function f(p) and is defined as:

fo) = [ e 231
0
where the argument ¢ is a non-negative real number while p is a complex
number sufficiently large to converge the integral. Frequently the argument
of the initial function ¢ is associated with time and the Laplace transform
change the function from the time domain to the frequency domain. This
alternative description proved to be very useful as many calculations and
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Figure 2.12: Diffusion from slab with a width of 2h = 2a.u. for a sample
which extents between x = —2a.u. and = 2a.u. (green dotted lines). Black
lines show the initial distribution of diffusant (dashed) and the distribution
for a diffusion length L; = 2a.u. (solid) if there were no boundaries in the
system (two semi-infinite regions). Red line shows the correction of the dif-
fusant distribution for the same diffusion length with a presence of reflective
boundaries. Blue line indicate that for sufficiently large times the distri-
bution of the material in the system with reflective boundaries is uniform.
Furthermore, the final concentration is half of the initial one, which was ex-
pected since the width of the sample was two times larger than the width of
the initial slab.

operations are easier to perform in the frequency domain than in the time
domain.

In case of the diffusion equation the Laplace transform removes the time
variable, leaving a relatively simple ordinary differential equation and its
solution can be interpreted as the transform of the concentration field. By
performing the inverse Laplace transform the final solution of the equation of
concentration expressed with both space and time variables can be obtained.

The exact description of the method, its applications and the tables of
Laplace transforms can be found in numerous literature [131-146]. Further
applications of the Laplace transform into the diffusion problems are de-
scribed in some books as well [126, 129, 147]. In this work only a few useful
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examples of solving the diffusion equation with the Laplace transform tech-
nique will be shown.

As an example let us consider the diffusion into a semi-infinite sample
with a constant surface concentration C; located at x = 0. For ¢ = 0 the
concentration of diffusant is 0 for a positive x-axis. By multiplying the dif-
fusion equation (Equation 2.6) by e ?" and integrating one can obtain:

< 0C(x,t)  0?C(x,t)
P dt =D Pz 7 2.32
/0 e T dt /0 e 2 dt (2.32)

In the right hand side the order of integration and differentiation can be
exchanged leading to:

N

*© 02C 0? [ 02C(z, p)
D P —dt = D—— —pt t)dt = D———-— 2.
/0 i 52 /0 e PC(x,t) 52 (2.33)

While the integration by parts of the left hand side leads to:

/ e_pt%dtz[o(x,t)e‘m]ﬁp / e M'C(x,t)dt = pC(z,p) (2.34)
0 0

The first term vanished because of the property of the exponential function
and the initial conditions (C'(z,t = 0) = 0) leading to the final formulation
of the transformed diffusion equation:

~

820(.1',]9) A
DW = pC(z,p) (2.35)
The boundary conditions should be transformed as well:
. L Cs
C(z =0,p) = Cj e Pdt = " (2.36)
0

The solution of Equation 2.35 that fulfills the boundary condition is:
A Cs _ /&
C(z,p) = —e VD (2.37)
p

According to the available tabulations, the corresponding Laplace transfor-
mation pair is:

) = erfel ) & f) = %f (2.38)

And therefore the final solution of the diffusion equation can be obtained:

C(x,t) = Cserfe(

\/Zﬂ) (2.39)
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The same solution was already given in Equation 2.24 where the constant
surface concentration problem was treated by standard calculation methods.
It proves the validity of the Laplace transformation technique. However, as it
was mentioned before, there are many cases which cannot be solved directly
and the Laplace transform technique finds its superior application.

Constant surface concentration and finite sample size
Let us consider the diffusion in a finite medium between z = 0 and x = [
with the boundary conditions:

Cr=0,t)=0 (2.40)
Cz=1,t) =C; (2.41)
and the initial condition:
C(z,t=0)=0 (2.42)
The Laplace transformed diffusion equation was already derived and reads:
Déﬁggﬁﬂzzpéﬂmp) (2.43)
The transformation of the boundary condition leads to:
Clz=0,p) =0 (2.44)
Clz=1,p) = C, /00 e Phdt = % (2.45)
The general solution of Equation 2.43 i;)
Clz,p) = Ae®™ + Be™ @ (2.46)
where
g = % (2.47)

Equations 2.44 and 2.44 yield:

A=-B (2.48)
% = A(e? — e (2.49)

Thus, the solution can be formulated as:
Clop) = =™ (2.50)

p el —e—dl
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If the size of the sample [ is large compared to the characteristic length of the
diffusion, then the second term in the denominator can be neglected resulting
in: o
C,p) = S2(eo0¥) — ot 2:51)
p

Performing the inverse Laplace transform given by Equation 2.38 the final
solution can be obtained:

C(z,t) = C’S[erfc(\l/;_;;) - erfc(\/m

Apparently, Equation 2.52 fulfills the surface boundary condition given by
Equation 2.40 while for the x = [ the result is:

)] (2.52)

C(x=1t)=Cserf( ) (2.53)

[
VDt
which deviates from the boundary condition given by Equation 2.41, but only
to a small extent, as the error function is close to 1 when [ is large compared
to the characteristic diffusion length, which was previously assumed.

Figure 2.13 illustrates the Equation 2.52 for reduced units. At large times,
when the diffusion length becomes comparable to [, the profile approaches the
expected linear function. It can be further acknowledged that even for the
diffusion length equal to the sample extent [ the deviation from the boundary
condition located at x = [ is hardly noticed and is less than 0.5%. It provides
the additional proof of the validity of the model.

It is also important to determine the total amount of material that diffuses
into the sample per unit area in time. It can be calculated as follows:

!
l—x l+2x
M(t) = Ciler fe —erfc
() = [ Culerfel- =) — erfel =
The first integral can be calculated by changing the variables and the limits
of integration as follows:

))dax (2.54)

l—x B
V4Dt "

dr = —v4Dtdn
l

P=0 =
7 V4Dt
r=1l—-n=0 (2.55)

and thus

V4Dt

l | — 0
/ erfe( Ydx = —V 4Dt/ erfe(n)dn (2.56)
0 v
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Figure 2.13: Normalized diffusion profiles for a reduced depth 7 = 0...1 at

reduced times 7 = 4[—62”

Based on a well-known property of the error function complement:

/erfc(n)dn =nerfc(n) — —+C (2.57)

The first integral takes the form:

1 I fel l ) o~ (vam)’
— + erfc —
VT V4Dt V4Dt V3

The same procedure should be applied to the second integral and thus the
final solution can be formulated:

V4D

(2.58)

1 9 l 9¢~(vip)”
M(t) = V4Dt08[ﬁ + \/?Dterfc(\/m) - ﬁ +
9 9 vk
_ + 2.59
rDterfC( ’_4Dt) NG ] (2.59)

As it was already assumed that the size of the sample [ is much larger than the
diffusion length L; = v/4 Dt and therefore all terms in the bracket but the first
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vanish as both, the complementary error function and exponential function
vanish for large argument. Therefore a simple solution can be derived:

M(t) = w/‘lﬂﬂcs (2.60)

which is similar to the Equation 2.29 which was previously derived for dif-
fusion into the semi-infinite system with the constant surface concentration
and therefore the same conclusion can be applied in this problem: the quan-
tity of material that diffuses into the sample per unit area is proportional
to the square root of the time of the experiment if the diffusion length is
much smaller than the size of the sample. Figure 2.14 presents a suitable
comparison of exact solution M, according to Equation 2.59 and simplified
M according to equation 2.60 for a reduced time 7 = 41—12%. As expected, plots
are in a perfect agreement for small values of the reduced time i.e. when the
sample size is much larger than the diffusion length. The error in estimation
of M, is still below 5% for 7 = 0.5 which corresponds to Lp ~ 0.71.
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Figure 2.14: The total amount of material that diffuses into the sample per
unit area at the reduced times 7 = 0...3. M, and M, denotes the exact and
simplified solutions, respectively. The conformity is very good at lower times.

It is further interesting to calculate the gradient of the concentration at
x = 0 which determines the flux through the boundary there. By differenti-
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ation this becomes :

2 2
W) (=46 B (2.61)

T =08 =— k== 2\ 1y

Figure 2.15 shows the gradient at the boundary located at x = 0. It ap-
proaches 1 in the reduced units at increasing time, which corresponds to
% and thus approaches the linear concentration function at large times. At
times where the diffusion length exceeds the thickness (7 > 1 in Figure 2.15),
the approximation described above (I > L) leads to an apparent error and
an artificial decrease of the gradient, which, however, still remains close to
1.
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Figure 2.15: Surface gradient according to Equation 2.61 with Cs = 1 for the
reduced time 7 = 0...3.

2.3.3 Arrhenius equation

The Fick’s laws provides the general prediction about the rate of diffusion
but do not describe the dependence upon thermodynamic variables such as
temperature and pressure. The dependence on the latter was reported to
be relatively small [148-154] as the diffusion decreases less than one order of
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magnitude for pressures of 1GPa. In the following experiments no intentional
pressures were induced and therefore this subject will not be discussed.

Far more important is the temperature dependency as it has a signifi-
cant impact on the diffusion process. An intensive study of the relation of
the diffusion rate on temperature has been carried worldwide [148; 149, 155~
163]. It has been noted that frequently (but not always!) the dependence
of the diffusion coefficient on the temperature follows the simple empirical
equation which is widely known as the Arrhenius equation. It describes the
dependence of the rate constant of a chemical reaction on the temperature
and the activation energy. It can be used to describe the temperature vari-
ation of diffusion coefficients, population of crystal vacancies, creep rates,
and many other thermally-induced processes. The temperature dependence
of the diffusion coefficient reads as:

D, = D¢ "57 (2.62)

where Dy is the diffusion coefficient at infinite temperature, E, is the ac-
tivation energy for diffusion, kg is the Boltzmann constant and 7' is the
temperature. Both Dy and E, are often called the activation parameters of
diffusion and the determination of them is a crucial task to obtain the knowl-
edge about the diffusion process. The collection of the activation parameters
can be found in [155] for metals and alloys and in [156] for semiconductor
and other non-metallic materials.

2.3.4 Diffusion mechanism

The qualitative description of the diffusion process can be delivered by solving
the Fick’s laws of the diffusion and the Arrhenius equation. However, those
equations are empirical and can be applied to any diffusion process, regardless
the state of matter. To understand deeply the diffusion process in solid
state materials and the difference compared to the diffusion in fluids, further
investigations should be performed.

From a microscopic point of view the diffusion is accomplished by the
Brownian motion of atoms or molecules. This kind of behavior was first
observed by a botanist Robert Brown in 1827. However, the explanation
of this phenomenon was delivered much later, in 1905 by Albert Einstein
[164] who characterized the chaotic motion of small particles suspended in a
liquid. The similar work about the thermally induced motion was delivered
by Marian Smoluchowski [165] and therefore the relation between the diffu-
sion coefficient and the mean square displacement of particles is called the
Einstein-Smoluchowski relation. The excessive theoretical knowledge about
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the atomic movement in solids will not be presented in this work. The infor-
mation about its basics: a random walk theory, atomic jump process, jump
rates, jump distances, activation energy of individual jump, correlation fac-
tor and the dependence on the size and chemical nature of the diffusing atom
can be found in the literature [166-170].

The central aspect of this section is to provide the answer how atoms can
move inside a solid sample. Although the effects of diffusion may seem to
be the same, the material transport can be due to various mechanism. In
the case of the crystalline material the main consideration is the periodic
structure of the lattice which will limit the quantity of possible positions
to occupy by diffusing particles and thus the diffusion path as well. For
simplification, only the impurity diffusion will be considered in the following
examples, although the same mechanisms can be applied to a self-diffusion
as well. Several types of diffusion mechanism were suggested:

e Direct exchange and ring mechanism - one of the first explanations
of the diffusion mechanism was a direct exchange hypothesis which as-
sumed that two neighboring atoms can swap their positions (see Figure
2.16.1.). However, this would lead to a drastic distortion of a periodic
lattice, especially for close-packed structures and therefore it was con-
cluded that it is unlikely for such an energetically unfavorable process
to occur in a crystalline sample [171, 172]. Later, a simple modifica-
tion of this mechanism was proposed by Jeffries [173] and Zener [174]
and called a ring mechanism. Its basic assumption was that three
or more atoms may rotate simultaneously effectively exchanging their
positions (see Figure 2.16.2.). The lattice distortions would be con-
siderably smaller, but, as it required a simultaneous motion of more
atoms, it was also concluded that there is no premise to accept it as a
probable theory. The final proof was delivered by Kirkendall [175, 176]
who substantiated the different rates of self-diffusion of atoms in a bi-
nary alloy. Neither the direct exchange nor the ring mechanism was
able to explain this behavior

e Direct interstitial mechanism - as it was discussed in Section 2.2.1 some
impurities are small enough to fit in interstitial sites of the host lattice.
If they are provided with enough energy they can move along inter-
stitial positions. The movement is achieved in gradual manner i.e. the
impurity will jump only to a neighboring interstitial site, but eventually
they can travel long distances without the permanent displacement of
the matrix atoms. This kind of diffusion is not mediated by any defects
and therefore the diffusion coefficient related to the direct interstitial
mechanism is usually high. However, only small atoms like H, C, N,
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Figure 2.16: Various diffusion mechanisms: 1. The direct exchange mecha-
nism. 2. The ring mechanism. 3. Direct interstitial mechanism. 4. Indirect
interstitial mechanism. 5. Vacancy mechanism
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and O incorporated in less dense materials may diffuse in this manner.
The basic concept of the direct interstitial diffusion is shown in 2.16.3.

e Indirect interstitial mechanism - it concerns much bigger impurities
which cannot move freely along voids in a crystal lattice and therefore
occupy substitutional sites. However, their movement can be driven by
interstitial defects and thus the name of the mechanism. An example
of indirect interstitial diffusion is shown in Figure 2.16.4. The sub-
stitutional impurity is located next to the self-interstitial defect (the
same consideration will hold for the impurity interstitial defect as well)
and the collective motion of both defects can be promoted: the self-
interstitial defect knocks out the impurity atom to some other intersti-
tial site and takes its place. In the next step the impurity may move to
another substitutional site, pushing a host atom to the interstitial site.
This mechanism is strong for radiation-induced diffusion in metals and
diffusion of dopants in silicon.

e Vacancy diffusion - where the diffusing atom is occupying a substitu-
tional position in a lattice and its transport is mediated by an exchange
with neighboring vacancy (see Figure 2.16.5.). By making a series of
exchanges with vacancies the diffusing atom can travel a significant
distance. Furthermore, it can be acknowledged that if a vacancy is
considered as a particle it effectively travel the opposite direction than
the diffusing atom. From a microscopic point of view it is essential to
distinguish the diffusion mediated by vacancies and divacancies as their
mobility is different and in some cases the diffusion via divacancies can
be the dominant mechanism [177, 178]. However, the formation energy
and mobility of defects is not a scope of this work and therefore the
exact difference between two mechanisms will not be discussed, only
the general mechanism of the diffusion mediated by vacancy defects
will be considered.

There might be some more diffusion mechanisms in crystalline samples, but
they usually find their applications only for systems fulfilling special condi-
tions (e.g. higher than expected diffusion was observed for system near the
phase transition [179, 180]) and therefore they will not be discussed. From
the set of basic mechanism described above a straightforward conclusion can
be formulated that the defect-mediated mechanisms are the most common
in crystals since non-defect mechanisms are either unfavorable (direct ex-
change and ring mechanism) or apply only to small diffusing atoms (direct
interstitial mechanism).
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The situation is, however, different for amorphous materials. As it was
stated in Section 2.2, the concept of defects in amorphous materials cannot
be directly applied because of the lack of periodicity of a sample. Therefore
it can be concluded that the diffusion mechanism for amorphous materials
should be essentially different from that for crystals. Two basic mechanisms
were suggested:

e Dangling bond mechanism - is somewhat similar to the vacancy mech-
anism in crystalline samples and is sometimes indicated with the same
name. Its basic concept is the same: the movement of the diffusing
atom is mediated by a missing host atoms and the defect propagates
in the opposite direction. By a series of microscopic interchanges the
diffusing atom may travel for macroscopic distances.

e Collective mechanism - the chaotic distribution of atoms and relatively
weak bonding in amorphous materials allow the simultaneous move-
ment of a larger number of atoms. It is usually described as a chain-like
or caterpillar-like fashion (see Figure 2.17). Unlike in crystalline sam-
ples, atoms are not bound to specific positions defined by the lattice
properties and therefore their movement is not so strongly restricted
and thus the collective mechanism is considered to be relatively com-
mon (but not exclusive!) for amorphous materials. However, the dif-
fusion rate is usually low, as a large number of atoms is required to be
set in motion simultaneously.

2.3.5 Limitations of the diffusion process

In the previous sections the detailed information about the diffusion process
has been presented. This knowledge was, however, quite specific and a more
general point of view is required before continuing to the experimental part
of this work. It is obvious that in reality the diffusion is not achieved by
one mechanism solely, but rather by a combination of several mechanisms,
out of which one can be, in fact, dominant. Furthermore, all previous con-
siderations, despite including the defect theory, were rather idealistic and
contained a lot of silent assumptions. Among many of them one can list:

e Perfection of the source of the diffusing atoms - not only the concentra-
tion of the diffusing atoms was set to be constant, but also their ability
to penetrate into a sample was assumed to be unlimited.

e Homogeneity of the sample.
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Figure 2.17: Chain-like diffusion mechanism for amorphous solids. A collec-
tive motion of several atoms can be observed.

e Trapping of diffusing atoms was not considered.

Therefore the scope of this section is to collect all previously acquired in-
formation and create a realistic model of the diffusion process. This will be
achieved in three steps, each concerning regions of interest: source, bulk and
the surface of the sample.

Source

Sources of the diffusing particles may vary in many aspects and the basic
criterion is its state of matter, as many processes will differ for gaseous, liquid
and solid sources. In this work only solid state sources will be considered.

As it was presented in Section 2.3.2 the concentration of diffusing particles
at the contact between the source and the sample is often set constant. This
assumption is reasonable for many experiments, however, its validity should
always be confirmed first. Otherwise it can lead to a serious miscalculation
of the diffusing parameters.

The assumption of the constant source concentration gives rise to an
additional difficulty, far more complex: the solution of the Fick’s laws of the
diffusion does not include the actual energy a diffusing atom should acquire to
overcome the binding energy and to be injected from the source to the sample
where it can start to diffuse around. This activation energy is considerable
for solid state sources and may depend strongly on the type of a source-bulk
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interface.

Furthermore, it would be short-sighted to assume that the activation en-
ergy is constant during the experiment as it can be altered by many factors.
It was explained in Section 2.3.4 that in a very common diffusion mechanism
mediated by vacancies, the defects travel the opposite direction than the
diffusing particles. Eventually it will cause an excess of vacancies near the
interface which can be considered as an additional thin layer with properties
different from both source and bulk material. It is difficult to undoubtedly
predict how it would influence the activation energy as it may act as a dif-
fusion barrier or may promote bonds breaking in the source, which would
increase and decrease the activation energy, respectively.

When both the source and the bulk material are solids the diffusion of
particles will most probably occur in both directions, i.e. atoms from the
sample region will diffuse into the source as well. It can further alter the
properties of the source and thus change the activation energy of the injection.

Bulk

As it was already stated in the most of the previous derivations, the bulk
material was considered to be homogenous, while in the reality this assump-
tion is not necessarily valid. The diffusion process can be altered by several
factors:

e Stack composition - the sample is not necessarily made of homogeneous
material, a stacking composition is common in manufacturing high-k
based electronic devices. Therefore it should be acknowledged that
each layer will be characterized by different diffusion parameters D,
and F,. Furthermore, some additional energy might be necessary to
inject the diffusing atom from one layer into the other which might
further limit the diffusion.

e Trap states - as it was discussed in Section 2.2.5, defects has an ability
to cluster and restrain the further motion. Diffusing particles can be
considered as impurities and during their motion they may encounter
other defects which will trap them and prevent further propagation. For
example a void defect can easily trap diffusing impurities and restrain
the diffusion.

e Diffusion barriers - some defects, especially planar, can form an im-
penetrable layer which will prevent the diffusing particle to travel any
further. The same effect can be observed for a stack composition if
the energy required for the injection from one layer to another is enor-
mous and thus it would be virtually impossible for a particle to diffuse
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through such a layer. Barriers will therefore limit the space where the
diffusion may occur.

Additional sources - in most cases it is assumed that there is only one
source of the diffusing atoms, usually located at the interface with the
sample. However, the diffusing particles may come from other sources
as well, located at different positions, even inside the sample. An im-
purity precipitate incorporated inside the sample may be an example
of such an additional source. The description of the diffusing process
with many sources can be a challenging task.

High diffusivity paths - as it was clearly indicated in Section 2.2.5
some defects may create high diffusivity paths where the mobility of
the diffusion particles along the defects is enhanced. The so-called
grain boundary diffusion mechanism in polycrystalline materials is a
perfect example and is shown in Figure 2.18. Usually the Dy is several
order of magnitude higher for the grain boundary diffusion than for the
bulk diffusion and additionally the activation energy of such diffusion is
usually smaller. Therefore in most polycrystalline materials the grain
boundary diffusion mechanism is dominant and the impact of the bulk
diffusion can be neglected.
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Figure 2.18: The grain boundaries form a so-called high diffusivity paths
where the mobility of impurities is significantly enhanced in comparison to
the bulk diffusion.
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Surface

Section 2.3.2 presented several assumptions about the surface, but they
were, however, rather a mathematical formalism, not a physical one and
therefore it is essential to determine what may happen with the diffusant
after reaching the surface of the sample. Three basic situations may be
considered:

e Reflective boundary - the surface can be considered as a region where
the activation energy for further movement is enormous and therefore
particles are reflected and forced to move backwards.

e Evaporation boundary - particles that reaches the surface evaporate,
i.e. are lost and have no further influence on the diffusion process.
This corresponds well to the assumption with zero concentration at
the surface.

e Sink boundary - particles are collected and agglomerated at the sur-
face and therefore a process called surface segregation may occur. For
a perfect sink surface it can be assumed that collected particles has no
further influence on the diffusion process and therefore the zero con-
centration at the surface assumption is valid as well. There is, however,
an essential difference between the evaporation and the sink boundary
as the latter is subjected to a saturation of segregation where no more
particles can be agglomerated at the surface of the sample.

It should be also noted that even if the particles are collected at the
surface and have no influence on the bulk diffusion, they can, however,
move across the surface of the sample giving rise to a phenomenon
called surface diffusion.

In reality it is rather uncommon for one of those basic surfaces to occur.
Usually a combination of all effects can be expected and thus the complexity
arises. As an example a surface with the following properties can be con-
sidered: a part of diffusing particles that reach the surface is reflected while
the other part is agglomerated. The surface binding is, however, not perfect
and some quantity of atoms evaporate. Furthermore the sinking properties
can be imperfect as well and there might be high but finite activation energy
for the agglomerate particles to be injected back into the sample and thus
the segregated layer will efficiently work as an additional source of diffusing
particles. Moreover, as the sample approaches the surface saturation phase
the reflective properties of the surface might be increased at the expense of
the sink properties.
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Furthermore, it should be noted the influence of the surface on the dif-
fusion process cannot be determined immediately after the beginning of the
thermal processing of the sample as it has a finite thickness and it takes some
time for the diffusing material to reach the surface. To obtain valuable in-
formation about the type of the surface boundary the diffusion with varying
times should be analyzed

Diffusion rate

As it was clearly stated above, the transport of the particles is rarely
achieved by one mechanism solely and therefore the total diffusion rate should
be calculated with respect of this complexity. It is usually assumed that the
total diffusion coefficient D, is given as a sum of contributions:

D = D'+ D" 4 (2.63)

Combined with the Equation 2.62 it can be related to the diffusion parame-

ters:
I Bl

Ea —_—a
D" = Dle "sT + Dlle” "sT + .. (2.64)
An effective value of the activation energy reads as follow:
DI DII

Ett = B! EH 2.65
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and therefore a straightforward conclusion can be formulated: the diffusion
mechanisms with a high activation energy might be neglected for low tem-
peratures, but become more dominant for elevated temperatures.

However, those are the parameters describing only the diffusion process.
It should be acknowledged that the injection of the particles from the source
into the system requires some energy as well. Similarly, the influence of
the surface on the diffusion process should be taken into consideration and
therefore the parameters that are calculated from the experiment usually do
not describe the particular type of the diffusion but the whole global diffusion
process, including all important factors. This is very important to take into
account, otherwise the upcoming experimental results might be incorrectly
interpreted.
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Chapter 3

Experimental setups

3.1 Sample preparation

In following section sample preparation techniques, namely Atomic Layer
Deposition (ALD) and Rapid Thermal Annealing (RTA) will be shortly dis-
cussed. Apart from the theoretical description, information about the exper-
imental conditions will be presented.

3.1.1 Atomic Layer Deposition

The Atomic Layer Deposition is a well known production technique that al-
lows to deposit a uniform thin film of materials on a substrate[181-188]. The
basic principle is a sequential use of pulses of gaseous precursors producing
one atomic layer per cycle. Thus the method is self-limiting. It provides
extremely high uniformity of the deposited films and excels control of their
thickness as, within a certain range of process conditions, it is independent
on all factors but the number of cycles. The growth of a monolayer takes
place in four basic steps:

1. The first precursor is introduced into the process chamber resulting in
the formation of an adsorbed monolayer on the surface of the substrate
of the growing film.

2. A purge gas (typically nitrogen or argon) is introduced into the reaction
chamber to remove remaining precursor species and other reaction by-
products.

3. A second precursor is introduced to activate the surface and allow fur-
ther reaction of the first precursor with the surface (sometimes this step
is done together with additional activation, e.g. thermal treatment).

29
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4. Reaction chamber is purged again.

Each cycle results in the formation of a single monolayer and allows to be
repeated to produce thicker films. The basic principle of the ALD process is
shown on Figure 3.1

A typical setup of an ALD chamber is presented on Figure 3.2. The
system has to be designed in a way which allows a rapid reaction of the
precursors with the substrate during the gas pulses and also a rapid purging
in between.

The main advantage of the ALD process when compared to other tech-
niques (e.g. chemical vapor deposition) is a simple and very accurate thick-
ness control based on the number of cycles. Furthermore thin films have
excellent uniformity as well as reproducibility and the growth of the different
multilayer structures is straightforward. The major drawback of the ALD
process is the deposition rate which is very limited. Nevertheless in the case
of thin film deposition, where only a few nanometers (and thus cycles) are
needed, this is not a significant issue. Some other limitations are the possibil-
ity of relatively high contamination and the impossibility to deposit several
technologically important materials like Si, Ge or SigNy.

For the following experiments, series of Al,O3 thin films and Al Si O,
composite layers were fabricated by the Picosun P-300 Atomic Layer Depo-
sition on cleaned p-type Si(001) wafers with a 1.2nm thick native oxide or
with an additional 5nm SizN, layer above the oxide. The Al and Si pre-
cursors were trimethylaluminium + water and tris-dimethylamino-silane +
ozone, respectively. Samples were produced with thickness ranging from 2
to 50nm. The standard value for which most experiments were performed
is 15nm, and, unless otherwise specified, all descriptions concern this thick-
ness. The composition of the Al Si, O, was varied by adjusting the Al to
Si precursor pulsing ratio between 6:1 and 1:4.

3.1.2 Rapid thermal annealing

The rapid thermal annealing is a manufacturing process which involves heat-
ing the sample to high temperatures for a specific time, usually ranging
from a few seconds to several minutes[189-193]. The thermal treatment is
a critical step in production of semiconductor devices as it may lead to the
crystallization, damage repair, thermal oxidation, dopant activation, diffu-
sion, formation of interfaces and many more phenomena. There are two basic
groups of techniques used for heating the Si wafer: furnaces using steady heat
sources and pulsed discharge lamps.

All samples were subjected to thermal treatment using the Mattson Flash
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Figure 3.1: The basic principle of the ALD process. 1) Pulse of the first
precursor, formation of the adsorbed monolayer on the substrate surface. 2)
Purge. 3) Pulse of the second precursor, activation of the surface for the
further deposition of the first precursor. 4) Purge. 5) The full cycle (step
1-4) can be repeated resulting in formation of desired number of monolayers
of deposited material.
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Figure 3.2: Atomic layer deposition system

Light Anneal Thermal Reactor, at different temperatures (600 - 1100°C),
times (1 - 200s) and gas ambients (Na, Ho, Oy). Unless it is specified other-
wise, all further descriptions concern samples annealed for 20 seconds in the
Ny ambient.

3.2 Diagnostics

This part will cover all experimental techniques that were used in charac-
terization of the diffusion process. Supplementary diagnostics (ellipsometry,
X-ray techniques and Atomic Force Microscopy) will be shortly described
along with the most important results whereas the central diagnostics for
this work - Secondary lon Mass Spectroscopy - will be explained in details
with an extended discussion of the obtained results.

3.2.1 Ellipsometry

Ellipsometry is a non-destructive, non-contact optical method widely used
for characterization of dielectric properties of thin films[194-198]. The goal
is to measure the change of polarization of the light that was reflected (rarely
transmitted) by the sample which can then be associated with the sample’s
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properties like the thickness and the complex refractive index or the dielectric
function tensor. The standard ellipsometric setup is shown in Figure 3.3.

Detector Light source

Analyzer

Y Polarizer

Linearly polarized
light

Elliptically polarized t
light

I

"~ Sample

Figure 3.3: Basic principle of ellipsometry. Relative attenuation of s- and
p-polarized light determines the tilt of ellipse while the relative phase shift
determines the ellipticity.

In the single-wavelength ellipsometry the incident light is linearly or el-
liptically polarized and focused onto the sample. After reflection it is trans-
mitted through a second polarizer (called analyzer) and reaches the detector.
The light which is polarized parallelly or perpendicularly to the plane of in-
cidence is called p- and s-polarized, respectively. The complex reflectance
ratio follows the equation:

s iA

p=— =tanVe (3.1)

Tp
where r; and r, are the ratios of the complex amplitude of s and p components
after and before reflection, respectively, tan¥ is the amplitude ratio and A
is the phase shift. As the method measures the ratio of values it does not
require any reference beam nor standard sample, although in most cases
it requires a suitable model to convert measured values to desired physical
parameters (direct calculation is only possible for simple cases of isotropic,
infinitely thick samples).
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However, the experimental output of the single-wavelength ellipsometry
is restricted to one set of ¥ and A values per measurement. In order to
determine the thickness and the complex refractive index of a sample si-
multaneously, the so-called spectral ellipsometry, which employs broad band
light sources, should be used. After the measurement experimental data are
compared to the predicted values calculated from a model. Even if thick-
ness and optical constant of each layer is not known an estimate is given
for the purpose of the preliminary calculation. Regression analysis is then
performed to achieve the best match between the experimental data and the
model. The unknown parameter are varied until an estimator (for example
Mean Squared Error) reaches its minimum.

The thickness of all samples was obtained by SpectraFx 100 ellipsometer.
Measurements were repeated after annealing to monitor the densification and
thus shrinkage of samples due to crystallization.

3.2.2 Grazing incidence X-ray diffraction

The X-ray diffraction (XRD) is a technique that allows to determine the
crystallographic structure of the sample[199-203]. The basic principle is the
scattering of X-rays by the electrons surrounding atoms and molecules. From
the produced diffraction pattern the structure of many different types of
materials such as inorganic compounds, DNA and proteins can be obtained.

Figure 3.4 presents the basic principles of the XRD. A monochromatic X-
ray plane wave is directed onto a sample consisting of N+1 equidistant atomic
planes with spacing d. The incident and reflected angles equal 6. Typically,
a value of the index of refraction for frequencies in the X-ray domain deviates
from 1 by less than 10~° and therefore the refraction effect in a general case
can be neglected. Reflected waves will merge outside the crystal and the
difference in the optical path for each wave gives rise to a phase shift. If the
waves are in phase they will constructively interfere, resulting in a strong
reflected wave with the amplitude N+1 times higher than that for a single
reflected wave.

A well known condition for the constructive interference reads:

2dsin g, = nA. (3.2)

where 6, is the so called Bragg angle for which interference of the nth order
occurs. Longer wavelengths give larger Bragg angles and larger spacings d
between the planes give smaller angles. For a given wavelength the Bragg
angle can be measured and then the ratio % can be calculated. If the order
can be found than the spacing distance between planes can be determined.



3.2. DIAGNOSTICS 65

Reflected X-rays Incoming
X-rays

Figure 3.4: An example of the XRD principles: incoming X-ray radiation is
reflected form five equidistant atomic planes with the spacing d. The incident
and reflected angles equal #. An interference of the reflected waves occurs.

Ideally the detected peaks should have infinitesimally small width width.
However, this would only be true if the light was scattered by an infinite
number of planes. As the number of reflecting planes decreases, the peak is
broadened. A small but significant modification of the experimental setup
can help to overcome this problem. The grazing incidence X-ray diffraction
(GIXRD) is based on the fact that the refractive index of most materials at
X-ray frequencies is slightly less than one and therefore the total external
reflection of light from the surface is possible if the incident angle is small
enough. This makes the technique extremely surface sensitive (down to nm
scale).

In the following experiments, the Bede X-Ray Diffractometer was used to
determine the crystallization phase of samples after annealing.

3.2.3 X-ray reflectometry

The X-ray-reflectometry (XRR) is a non-destructive and non-contact tech-
nique that can measure the thickness, density and the roughness of thin
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films[204-206]. Furthermore it is possible to perform this measurement on
multilayer samples as well.

Monitoring the intensity of the X-ray light reflected from a sample is the
key of this technique. For an incident angles smaller than the critical angle a
total external reflection occurs. It originates from the difference in electron
densities between the layers and therefore can be related to the density of
the material. The complex refractive index of a substance for X-ray beams
is usually slightly less than 1 and given by:

n=1-—0—1f0 (3.3)

where both parameters ¢ and 5 depend on the X-ray wavelength and the
density of the material. The critical angle is given by 6, = v/28 and thus the
density of the thin film can be calculated and the thickness can be obtained
by Fourier transformation of the extracted oscillation curve. This procedure,
however, can only be applied for a perfect single-layer film. In practice such
an idealized situation does not occur and therefore usually the experimental
reflectivity curve is compared to the theoretical curve, based on a model.
Regression analysis is then performed to achieve the best match between the
experimental data and the model.

The Bede X-Ray Diffractometer was used to perform the XRR measure-
ments. It was a backup method for the thickness characterization. The
measurement, of the density delivered an additional proof of crystallization
as the crystalline sample are denser than the amorphous one.

3.2.4 X-ray photoelectron spectroscopy

The X-ray photoelectron spectroscopy (XPS) is a surface sensitive method
that allows describing quantitatively the elemental composition and the chem-
ical and electronic state of a sample[207-213]. This technique is based on
the photoelectric effect - the phenomenon in which an incident photon leads
to the ionization of an atom in a molecule or solid i.e. to the emission of an
electron from the sample. In XPS a monochromatic source of radiation is
used and therefore the overall process can be described as:

A+hv=A"+e (3.4)

where A and A" denote neutral and ionized state of an atom A, respectively,
h is the Planck constant, v is the frequency of the radiation and e~ is the
emitted electron. The energy conservation principle requires:

E(A) + hv = E(AY) + E(e”) (3.5)
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Since the energy of the emitted electron can be directly represented as its
kinetic energy (KE) and the energy difference between the ionized and neutral
atoms is as sum of the binding energy (BE) of the electron and the work
function @ (the difference between free electron level and the Fermi level)
the formula can be expressed as follows:

KE=hv—BE—® (3.6)

This relation is also visualized on Figure 3.5. As the energy of the incoming
photon is known, the obtaining of the photoelectron spectrum is based on
presenting the number of emitted photoelectrons as a function of their bind-
ing energy. Each element will give rise to a unique set of peaks since they
represent a characteristic binding energy associated with each core atomic
orbital and therefore the elemental composition of the sample can be ac-
quired. Furthermore, the intensity of peaks is related to the concentration
of a specific element - that is number of detected electrons is proportional to
the number of atoms in a given state - and thus the quantitative distribution
of the surface elements is possible. The restriction to the top part of the sam-
ple (about 2nm) originates from the fact that electrons emitted from deeper
regions are either recaptured or trapped in various excited states within the
material or loses part of its energy due to the inelastic scattering.

Ejected electron @

Free electron “t Incoming photon

level
eve | Condu\ption band / | :: Work function
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2p Binding
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Figure 3.5: The principle of the XPS. The kinetic energy of an injected
electron equals to the energy of photon minus the energy that was needed
for the emission (the sum of the binding energy and the work function).

The Revera XPS Spectometer was used to determine the concentration
of elements on the surface of samples allowing to create standards needed for
other analytical techniques.
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3.2.5 Capacitance-voltage profiling

Capacitance-voltage profiling (C-V profiling) is a technique used for char-
acterization of semiconductor materials and devices [214-217]. The voltage
that is applied to the device is varied and the measured capacitance is plot-
ted as a function of voltage. It can provide many useful information such as
capacitance, oxide thickness, doping profile or interface trap density.

However, in following experiments only the most simple and preliminary
measurements to determine the capacitance (and thus the relative permit-
tivity) of thin film samples were performed. Samples were relatively simple,
with good uniformity and very low leakage current and therefore it was possi-
ble to apply one of the simplest C-V profiling method - Ramp Rate Method
which is also often called Quasistatic C-V Measurement because it is per-
formed at a very low test frequency (typically 1-10Hz), that is, almost DC.
It only requires two source-measure units. The first one forces a current into
a node of the sample while also measuring the voltage on that node and the
second one measures the current at the other node. The capacitance can be
therefore calculated as follows:

= (3.7)

To successfully measure the capacitance of the samples their front side was
covered with metal (aluminum and gold contacts were created, the results
were comparable in both cases) forming one plate of the capacitor. The
substrate - silicon wafer - could not by itself be the other plate of the capacitor
and therefore a suitable voltage was applied to the wafer so that the majority
charge carriers formed an accumulation layer directly at the interface between
the substrate and the thin film region, effectively becoming the second plate
of the capacitor whereas the thin film region was the insulator. One had to
remember that the native oxide was present at the surface of the silicon wafer
and therefore its contribution had to be excluded to obtain information about
dielectric properties of the thin film region. The thickness was known from
other measurements (ellipsometry, XRR) and thus the relative permittivity
of the thin film was calculated.

Two Keithley 4200-SMU units were used to determine the relative per-
mittivity of the samples.

3.2.6 Atomic Force Microscopy

The Atomic Force Microscopy (AFM) is a powerful technique which allows
imaging of the surface of the sample with a resolution reaching the fraction of
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a nanometer[218-223]. The AFM consists of a flexible cantilever with a sharp
tip that is brought to the contact (or in some cases to close proximity) with
the surface of the sample. An interaction between the tip and the surface
can be attributed to many kinds of forces, among them: mechanical contact,
van der Waals, capillary, chemical bonding, electrostatic, magnetic, Casimir,
solvation forces, etc. They lead to the deflection of the cantilever which can
be detected with the help of a laser which is shone on the cantilever and the
reflection is detected by a position sensitive detector. The basic principle of
the AFM is shown on the Figure 3.6.

Detector Laser

Sample Cantilever

Piezoelectric
substrate

Figure 3.6: Atomic Force Microscopy setup.

To prevent the damage caused by the collision of the tip with the high
feature of the sample the The AFM usually operates at the constant force
mode - the piezoelectric sample holder rise or lower the sample to main-
tain the constant force. The movement of the sample is recorded and thus
the morphology (and other parameters if other forces are present) can be
obtained. The x and y plane movement allows to scan the surface of the
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sample providing a three dimensional map of the surface of the sample.
Other operation modes (e.g. non-contact, tapping) will not be discussed
as they were not used in this work. They are dedicated to characterization
of soft and easily scratched samples.
In the following experiments the Veeco AFM was used to determine the
surface movement of a Si island deposited on top of the sample during the
thermal treatment.

3.2.7 Time-of-Flight Secondary Ion Spectroscopy
3.2.7.1 Basic principles

The Time-of-Flight Secondary Ion Spectroscopy (ToF-SIMS) is a powerful
analytical technique that can provide information about elemental distribu-
tions in the sample[224-234]. The basic operation involves a bombardment
of the surface of the sample with ions with energy usually in the range of 0.1
- 25 keV [230]. Primary ions collide with atoms of the sample and transfer
part of their energy. If it is higher than the binding energy, then those atoms
are also set in motion and will further collide with other atoms in the sample
giving rise to a phenomenon called collision cascade.

Emission

A part of the energy of the primary ion will be transferred back to the
surface region enabling atoms and molecules to be emitted from the sam-
ple, providing that the transferred energy is higher than the surface binding
energy. Most of the emitted species are neutral, only a small fraction is posi-
tively or negatively charged. The mass spectroscopy of those secondary ions
is a base for characterization of the surface of the sample [232].

SIMS is a very sensitive method for surface analysis because the emitted
species originate only from one or two uppermost monolayers of the sample
and thus the depth resolution of the method is very high [231]. The lateral
resolution is far more challenging problem. In spite of the fact that species
are emitted only a few nanometers away from the place where the sample
was hit by the primary ion, the lateral resolution is mostly determined by
the size of the ion beam, since the sample is not bombarded with single
ions only, and typical value is in order of micrometers. Smaller beams could
induce significant damage to the sample and bring about problems with the
sensitivity.

Ion bombardment
SIMS is a destructive method. The emission of species is only the most
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obvious effect of the ion bombardment. There are, however, more of them
that need to be considered as they significantly change the structure of the
sample. Before the proper analysis can take place these phenomena should
be carefully described. Figure 3.7 presents the summary of principles of the
SIMS technique.

e Jon implantation - the SIMS process is initialized by the bombardment
of the surface of the sample with the beam of high energy ions (Figure
3.7 - position 1) which penetrates the sample, transfers the energy dur-
ing collisions (Figure 3.7 - position 2) and finally is stopped and trapped
in the sample. An obvious consequence is the change of the chemical
composition of the sample as the primary ion species are introduced
and mixed with the sample (Figure 3.7 - position 3). Furthermore the
addition of the primary ions leads to the swelling of the sample as other
atoms have to move to make space for incoming ions.

e Sputtering - the primary ion causes the motion of a significant number
of atoms in the sample by direct collisions but also indirectly by giving
rise to the collision cascade [224] (Figure 3.7 - position 2). A part of
the energy is transferred back to the surface of the sample and atoms
or even bigger molecules can be sputtered from the sample (Figure
3.7 - position 4) and thus a formation of a crater with rough edges
can be observed. The sputtering process is quantitatively described
by the parameter called partial sputter yield Y4, which is defined as
a number of sputtered species A per incident ion. This parameter
strongly depends on both, the bombardment conditions (type, energy
and incident angle of the primary ion) and properties of the sample
(chemical composition, topography). The ratio between two partial
sputter yields Y4/Yp of elements A and B is very rarely equal to the
concentration of those elements. The probability of sputtering of one
species can be significantly different from the other. This effect is called
preferential sputtering and may lead to the depletion of one element
when compared to the other (Figure 3.7 - position 5).

e lonization probability - as it was described above, only the small frac-
tion (usually about 1%) of species that are sputtered from the sample
is ionized. The probability of ionization «(A) is defined as a ratio of the
emitted ions AT to the total number of sputtered species A. Similarly
as for the partial sputter yield, the ionization probability is strongly
affected by the experimental condition and even for the same element
can differ by several orders of magnitude for different primary ions.
Some ions, for example Cs™, enhance the formation of anions [227],
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Figure 3.7: Principles of the SIMS technique: The ion bombardment (1) leads
to the collision cascade (2) - the incident ions transfer part of their energy
to atoms of the sample and set them in motion. They further collide with
other atoms and as long as the transferred energy is higher than the binding
energy, new atoms are knocked out from their positions. The direct result
of the primary ion bombardment is their implantation inside the sample
(3). A part of the energy transferred during the collision cascade is brought
back to the surface of the sample and atoms and bigger clusters are emitted
from the sample (4). Due to the differences in the partial sputtering yield a
preferential sputtering may occur - higher probability to sputter one element
when compared to the other results in the depletion of the first element in the
sample (5). The collision cascade leads also to the sample mixing effect (6)
- atoms which were initially not present in some layers can be found there.
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while others, for example Oy", enhance the formation of cations [225].
Furthermore the ionization probability of the element A is strongly af-
fected by its surroundings. This phenomenon is called a matrix effect
and is one of the most challenging problems in the interpretation of the
SIMS results. However, the detailed mechanism of the probability of
ionization is still unknown.

e Mixing - the direct result of the primary ion bombardment and the
collision cascade is the mixing of the sample. Some of the knocked out
atoms and primary ions have sufficiently high energy to penetrate the
sample for distances as long as several tens of nanometers [226]. This
can lead to a significant alteration of the initial composition of the
sample (Figure 3.7 - position 6). This effect is strongly visible if the
sample consists of several thin, initially well defined layers. The atoms
from the upper layers penetrate the deeper layers knocking off other
atoms which in turn may travel back to the surface of the sample. This
makes it difficult to interpret properly where there is the beginning
and the end of a specific layer since the atoms can be detected at the
depth where initially they were not present. The penetration depth,
as before, depends on the experimental condition, especially on the
primary ion energy and the type of the substrate. For soft materials
the penetration depth can be a few orders of magnitude higher than
the initial thickness of the layer!

Quantitative description
When all phenomena are taken into consideration the final relation de-
scribing the SIMS technique can be formulated:

I(A%) = LY (A)a(A)C(A)y (3-8)

where I(A*) and I, are the secondary and the primary ion currents, respec-
tively, Y (A) is the partial sputter yield, a(A) is the ionization probability,
C(A) is the concentration of an element A and 7 is the transmission and de-
tection coefficient of the tool [228]. Both primary and secondary ion currents
can be measured. In order to calculate the concentration of an element A
in a sample the partial sputter yield, ionization probability and transmission
and detection coefficient have to be determined. This is difficult because all
of those parameters depend strongly on the experimental conditions. Fur-
thermore, as it was mentioned above, the exact mechanism of the ionization
probability is still unknown and this parameter may differ most significantly
when the conditions of the experiment are changed even slightly. Thus, it
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is virtually impossible to obtain the chemical composition of a sample based
only on the SIMS measurements.

3.2.7.2 Operation modes

Negative and positive modes

As it was aforementioned in the basic description of the sputtering process,
emitted ions can be negatively or positively charged, but, as they are further
extracted by means of electrical field, it is obvious that anions and cations
cannot be detected simultaneously. The sign of an extracting voltage should
be set at the beginning of the experiment and thus the detection of only one
type of ions will be possible.

*Lanthanide series

**Actinide series

Figure 3.8: Periodic table of elements with preferential modes of detection.

The choice of the detection polarity should be taken carefully as differ-
ent atoms have different tendency to form anions and cations. Figure 3.8
presents a general suggestion about the mode which is the most suitable for
the detection of specific elements. It is important to acknowledge that in
many cases both types of ions can be formed, so the picture presents the
preferential polarity only and thus a higher intensity of the signal can be
expected for this mode. Furthermore, it is also possible to detect compound
ions, formed by more that one atom. It can facilitate the detection of ele-
ments in a non-preferable polarity. For example it is a common procedure
in the negative mode to detect atoms in an oxygen cluster form, e.g. MO™ or
MO, if M™ cannot be directly detected.
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Surface analysis

As it was already mentioned, the SIMS is a very surface sensitive tech-
nique and therefore is an excellent choice for monitoring the morphology
of the surface of a sample. Furthermore, it is possible to limit the num-
ber of incident ions and therefore a so-called static SIMS can be considered
as a semi-nondestructive method. The essential requirement is that sta-
tistically the same atomic site of the surface should not be hit more than
once and only 0.1-1% of the area of the surface should be subjected to the
ion bombardment. It can be achieved if the incoming dose is lower than
102 — 10%ions/cm?.

The static SIMS is widely used for surface characterization as the isotopes

of trace elements can be detected in ppm concentration, for monitoring of
oxidation process and studies of adsorption.

Depth profiling

When the surface of the sample is continuously subjected to the ion bom-
bardment it will lead to erosion of consecutive layers of the sample and thus
not only the surface composition, but also the information of the depth dis-
tribution of elements can be obtained. The basic principle of a so-called
depth profiling is to determine the relation between the secondary current
intensity as a function of time.

There are, however, a few complexities associated with the depth profil-
ing. As the crater grows deeper and deeper the accidental sputtering from
the edge regions may result in detecting of atoms from a broad distribu-
tion of depths, not only from the bottom of the crater as desired. The edge
sputtering may significantly reduce the legibility of the measurements.

Furthermore, to sputter effectively a large number of atoms (as the whole
layers should be removed) the incident fluence should be increased. This,
however, will result in a high mixing effect, which, in turn, can make it
difficult or even impossible to obtain reliable results, as it would be impossible
to distinguish whether some elements were present in a specific layer before
the experiment or were driven here during the collision cascade.

To overcome those problems a new mode of operation was proposed -
the dual beam mode. The basic principle is presented in Figure 3.9. One of
the beams is called the sputtering beam and the other the analyzing beam.
The only task of the sputtering beam is to remove consecutive layers of the
material. The energy of incident ions is relatively low, usually not higher than
2keV and therefore the energy is dissipated relatively fast as it is soon not
high enough to overcome the binding energy|[224, 227|. The collision cascade
is very limited and as a consequence the mixing effect is small. On the other
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Figure 3.9: Dual beam operation mode: 1) The surface of the sample is
analyzed (detector on). 2) Sputtering beam is rastered to form a square
crater (detector off). 3) The bottom of the crater is analyzed, measurements
are performed on the center of the crater to avoid the rough edges (detector
on). 4) Deepening of the crater (detector off).

hand the fluence is very big (ion dose often higher than 10'7ions/cm?). This
assures that virtually every atom that forms a monolayer of the material is
sputtered away. This method is often called a dynamic SIMS.

The sputtering beam is rastered and used to create a crater with a flat
bottom and and with a side in a range of several hundreds of micrometer.
During the sputtering beam operation the detector is switched off because
the high current of the incoming beam in most cases (except for conductors)
may lead to the charging of the sample, which makes it more difficult and
often even impossible to detect sputtered ions. After the sputtering the
electron flood gun compensates the charges [233]. Sometimes the charging
effects are so high that it is impossible to analyze the sample directly after the
sputtering. The system has to wait several seconds before the analyzing beam
and the detector are switched on. This method is called a non-intercalated
depth profiling. It allows overcoming virtually all charging problems but is
time-consuming.

When the sputtering beam is finally switched off, the actual measurement
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is performed with the help of analyzing beam which is rastered on the middle
of the crater and therefore the negative influence of the crater edges can be
overcome. The analyzing beam, in contrary to the sputtering one, has a very
low fluence (similarly to the static SIMS), but the incident ions have high
energy (25keV or even higher). The collision cascade will be significant and
therefore a lot of species will be emitted from the surface of the sample and
analyzed in the detector. The low current (in a range of 1pA) prevents the
charging of the sample and even though the collision cascade is dense, the
mixing of the sample will not be significant as the number of ions is very
limited.

The depth profiling involves an alternative use of beams: at the begin-
ning the surface is measured with the analyzing beam, than the uppermost
monolayer(s) is removed with the sputtering beam and the surface of the
crater can be measured again. Repetitive performance of this procedure will
deliver the information about the depth distribution of elements.

3.2.7.3 Experimental setup

Figure 3.10 presents an overview of the IONTOF ToF-SIMS 300R setup,
the tool which was used in the following experiments. The sputtering and
analyzing guns focus beams of ion on the sample. The electron flood gun
provides the charge compensation for samples which are susceptible to charg-
ing during the primary ion bombardment. The extractor accelerates all ions
to a common energy. lon mirrors (a series of electrodes onto which an elec-
tric field is applied) increase the measurement resolution by minimizing the
spread of the ion energies.

Detector

The basic principle of the SIMS method was described above. The detec-
tion of ions was mentioned several times, but this subject was not discussed
in details so far. There are many types of ion detectors, the most common
are the electric, magnetic and the Time-of-Flight (ToF) ones. The latter one
was used in the experiments.

The general principle of the ToF detector is a measurement of the time
that ions need to travel the distance between the sample and the detector.
The moment when an ion hits the detector can be easily determined, but the
accuracy of the method requires that the emission time is specified as well.
Therefore the ToF-SIMS uses very short pulses of the primary ion beam.
All ions that are emitted from the sample come through the extractor where
they are accelerated to common kinetic energy in a constant electrical field.
The velocity of ions depends on their mass. The final formula can be derived
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Figure 3.10: The ToF-SIMS setup.

from two following relations:

v=o (3.9)

where v is the velocity of the ion, L is the distance between the sample and
the detector, t is the time that is needed for the ion to reach the detector;

and )
qU = % (3.10)
where ¢ is the ion charge, U is the accelerating voltage and m is the mass of

the ion. The resulting expression reads

m 20U

q L?

(3.11)

It means that the detection is not based on the mass of the incoming ion
but rather on the mass to charge ratio.
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The ion detector typically consists of a microchannel plate detector. Un-
fortunately it is not free of the common detector drawback which is called a
dead time of a detector. After the ion detection there is a certain time during
which no additional ion can be detected. In practice it means that when an
ion hits a detector there might be one or even more additional ions that hit
it again directly afterward, but could not be detected due to the dead time
of the detector. The software installed at the tool has an implemented math-
ematical formula that should decrease this problem. The detector is rastered
to a specific, user controlled number of pixels. The software records the num-
ber of pixels that have been hit by incident ions and those which were not.
Then, using the Poisson distribution formula, it assumes that some of the
pixels have been hit not once but twice or even more times. This correction
works quite well but only to some extent. The Poisson distribution is based
on the number of pixels that have not been hit and if there is only few of
them, then the formula starts to be inaccurate. In the extreme situation,
when all pixels have been hit, the software has no information on how to
proceed with the correction. This kind of a problem is called a signal satu-
ration - at some point the Poisson distribution will lead to confusing results
and therefore cannot be used. There are three possibilities to overcome the
problem:

e Increase the number of pixels and thus the sensitivity of the detector.
However, the more pixels are used, the more time-consuming a mea-
surement becomes. For a standard raster size 128 x 128 pixels it took
around one second to acquire a single ion image of the surface of the
sample. For the biggest raster size, 2048 x 2048 it could take up to
several minutes. This can be acceptable for surface scan but not for
the depth profiling.

e Decrease the time slit of the detector and therefore the number of ions
that undergo the analysis. The drawback is that the intensity of all
signals will be reduced and therefore some of them will be below the
detection limit and the valuable information about the sample will be
lost. This affects particularly the trace elements.

e Use a less abundant isotope or a cluster ion for analysis. This method
is considered to be the best, but also has small drawbacks as not every
element has several stable isotopes and the analysis of clusters is usually
less transparent as the intensity depends on both elements.

As an example of a problem a silicon signal coming from the Si substrate can
be presented. For a standard raster and slit size the silicon signal is almost
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always saturated. To avoid the problem the sensitivity of the detector should
be drastically decreased, but it will result in losing the information about
other, less intensive signals and thus in most cases it cannot be accepted.
Another solution it to increase the raster size (in this case only the biggest
settings prevent the saturation), but it is time-consuming and often useless
as the important properties of a layer can be acquired using different signal,
for example other isotope like 3°Si which has much smaller abundance and
thus the signal is not saturated.

It is also important to realize that the signal can be saturated in one region
but be trustworthy in another. In the following experiments the diffusion of
Si from the substrate was investigated. The Si- signal was saturated in the
substrate but was successfully quantified in the thin film region where only
relatively small amounts of Si were present. It was not proper to use the 3°Si-
signal as its intensity was below the detection limit in the thin film region.

The main advantage of the ToF detector is a possibility to detect simul-
taneously all ions and clusters with masses even up to 10000u, but not just
a few chosen ones as it is common in the other detector types. Furthermore
it has a superior accuracy with the mass resolution - > 10000.

Ion mirrors

The major problem of the ToF detector is the fact that ions are not emit-
ted exactly at the same time nor have the same energy. This leads to the
broadening of the recorded peaks. To overcome this effect a system of ion
mirrors are used - ions with higher energies penetrate mirrors deeper and the
travel time difference with respect to the less energetic ions is reduced. This
simple method significantly increases the resolution of the ToF detector.

Analyzing and sputtering conditions

In the following experiments both negative and positive modes of detection
were used. Table 3.1 summarizes the information about the analyzing and
sputtering conditions that was used in the experiment. As the charging effects
were not significant, the depth profiling was performed in the intercalated
mode, without the electron flood gun.

However, the shape of the crater created by the sputtering beam could
have significantly influenced the measurement if it had been irregular or
round-shaped. AFM imagining was performed to exclude this possibility and
Figure 3.11 presents a line scan through the center of the crater. Due to the
drastic change of height regions close to walls of the crater should be treated
as a very rough estimation. A detailed imagining of a wall of the crater was
also performed but it did not show any anomalies and was not important for
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Analyzing gun

Sputtering gun

Sputtering gun

both modes negative mode positive mode
Ion species Bi* Cs™ O,"
Raster size 70pm x 70pum | 400pm x 400pum | 400pum x 400pm
Ion energy - current | 25keV - 0.7pA 250eV - 8nA
500eV - 35nA 500eV - 70nA
1keV - 80nA 1keV - 190nA

Table 3.1: Parameters of the primary and secondary beams used in the
experiments. This typical setup was used in all measurements if not specified
otherwise.

following experiments. The most important conclusion was that the center
of the crater, at least 300pum x 300um, was flat and its roughness was only
slightly higher the roughness of the whole sample. Since the raster size of
the analyzing beam was still much smaller than that area it was concluded
that a proper aligning of the beams would not be a challenging task.

For some test experiments analyzing beam was aligned in such a way
that its edge was very close to a wall of the crater. It was noted that it had
significantly influenced the measurements, namely peaks in mass spectrum
had been much broader. To exclude even the smallest possibility of the
influence of the crater edges on the measurement it was assumed that only
measurements where the analyzing beam would be at least 50um away from
the edges of the crater would be evaluated.

3.2.7.4 Data evaluation

Measurement reproducibility

It is important to stress that the following calculations were not based on a
single measurement. For each operation mode, the incoming ion energy and
the current there were at least ten (for some cases more than fifty!) depth
profiles obtained. The reproducibility of all of them was found to be almost
perfect. This constitutes a very strong proof that the diffusion process was
properly described and the obtained results are trustworthy.

Interpretation

The interpretation of the ToF-SIMS measurements is a very challenging
task and often more time-consuming than the actual experiment. It is tempt-
ing to accept the first conclusions as a credible, especially when they seem to
confirm the assumed theory. Such an approach is potentially dangerous and
may lead to confusing results and therefore is not acceptable. The confirma-
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Figure 3.11: AFM line scan of the center of sputtered crater. Even though
the accuracy of the imagining close to the edges of the crater is not very good
it can be concluded that the center of the crater is flat and its roughness will
not significantly influence ToF-SIMS measurements.

tion procedure is rather long and complicated but has to be carried out in
order to be sure that the results are describing the physical phenomena (but
not artifacts) as accurately as possible.

The problems occurring during the ToF-SIMS measurement can be di-
vided into several main groups and each of them should be treated separately.

1. Ton identification - the basic problem arises from the fact that the Time-
of-Flight detector provides the information about the mass to charge
ratio (see Equation 3.11), not the mass only. Furthermore, cluster ions
may have similar mass to that of other clusters or singular ions. And
thus a problem with ions reaching the detector at the same time may
occur. For example NO™ and ®°Si- or CoH,~ and Si~ ions have both the
same nominal mass: 30u and 28u, respectively. A similar situation is
with SiOH,?" and Na™. They are both recorded as 23u (the former
cluster ion has the mass twice as the latter, but also the charge twice as
the latter, so they both reach the detector at the same time). However,
the actual mass (and as a result the mass to charge ratio as well) is
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slightly different for those specific ions. The ToF detector has a very
high mass resolution and most of those peaks can be resolved. However,
it is a user task to distinguish them properly. The software provides
very useful hints: it shows how good the estimation is by calculating
the two following parameters:

e Deviation - expressed in ppm shows how well the ion mass matches
the theoretical position.

e Explained - expressed in percentage. It is an elaborated formula
that compares the intensity of other peaks in the spectrum to see
what is the probability that the attributed ion is correct. For
example if the 3°Si- ion is considered, then there should be a peak
corresponding to the 29Si- and 28Si- as well, each with the intensity
corresponding to the abundance of those isotopes.

Those two parameters are very helpful, but it is the user who has to
make a final decision. It is extremely rare that both parameters are
perfect. This problem is more challenging for higher masses as there are
more clusters which might have similar weight. Nevertheless with some
experience ion identification is neither difficult nor time-consuming.

It can however be more complicated if a significant peak broadening
is present. As it was clearly stated before, the ion peaks in the spec-
trum have finite widths. Sometimes, especially for heavier elements
and clusters, the width is so broad that it overlaps with other ion or
even several ions. In this case a proper ion identification is not possi-
ble as the problem is not related to the user’s skills but rather to the
tool itself as the ion mirrors cannot reduce the peak width properly.
This effect is strongly visible for samples which suffer from the charg-
ing problem as it broadens peaks in the spectrum. To overcome this
problem an additional charge compensating device (flood gun) and/or
a non-intercalated mode of measurement should be used.

In those particular experiments only the light elements were considered
and therefore problems with the ion overlapping and thus with the
identification were virtually not present at all.

2. Depth calibration - As it was clearly stated in Section 3.2.7.1, the direct
interpretation and quantification of the obtained results is not possible,
nevertheless there are several methods to overcome the problem.

At the beginning of the quantification process it should be acknowl-
edged that from a single depth profile only a general distribution of
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elements with a roughly estimated depth of their presence can be ac-
quired. The SIMS technique cannot directly relate the measured sput-
tering time with the distance units and therefore a proper calibration is
required. It might seem to be relatively easy, but one has to be aware
that it is still an approximation and sometimes the perfect depth dis-
tribution of elements cannot be obtained. There are two basic ways to
calibrate the profile, each has its strengths and drawbacks:

e Measurement of the crater depth using e.g. a profilometer. In
this case the calibration seems to be straightforward: the ending
point of the profile is attributed to the measured depth. Un-
fortunately different materials might have significantly different
sputtering rates which can results in a large calibration error. To
overcome this problem one can measure the sputtering rates for
different materials separately and thus create a proper standard
for the depth quantification. This is a time-consuming method
as the sputtering rate needs to be calculated for all different ion
energies separately, but once standards are established they can
be used any time they are needed. Unfortunately it would be
time-consuming and virtually impossible to create standards for
all different types of samples and therefore it is usually assumed
that similar samples have the same sputtering condition. For
example if a set of samples differing only in annealing temper-
ature is examined it can be assumed that the sputter rate remains
constant. However, crystallization, densification or diffusion of
some impurities which may take place at elevated temperatures
can significantly change the sputtering properties of the sample
and therefore it should be always checked whether the constant
sputter rate assumption is valid.

e Measurement of the layers thickness. Knowing the exact thickness
of each layer in the stack it should be easy to make the depth
calibration. The problem is that individual layers cannot be easily
separated in the depth profile due to the mixing effect. It will
be always more or less arbitrary to set the end of one and the
beginning of the other layer. It is important to use the same
definition (e.g. when a specific signal drops to the half of its initial
value) every time.

To increase the depth calibration accuracy both methods could be com-
bined to see how well they match. In the following experiments both
methods were successfully used.
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3. Concentration calibration. As it was discussed in Section 3.2.7.1, the
intensity of the SIMS signals depends strongly on the experimental
conditions and even the slightest change of any parameter (e.g. the
ion energy, or the incidence angle, or the sample composition) may
significantly influence the outcome result and thus the concentration
calibration is far more complicated.

The consideration should always start with the qualitative comparison
of the depth profile to the reference measurement. It is possible to
obtain some valuable information, but only to some extent, provided
that a reference measurement was performed on the sample with a
similar sputtering conditions. A good example is a dopant profile of
two samples doped with the same atoms but with a different dose and
energy. If the substrate is the same (e.g. Si) such a comparison is
possible and the information about which sample is doped higher can
be acquired. However, if one of the samples has a different substrate
(e.g. GaAs) this comparison is not possible due to the matrix effect.
Hypothetically, in extreme situation it may happen that the slightly
higher dopant concentration will significantly change the matrix, but
fortunately such a situation is very rare.

To perform the quantitative calibrations a suitable standard has to be
created - samples with known concentration should be analyzed by the
SIMS and the relative sensitivity factors (RSF) should be calculated.
It is defined as follows:

Calg
Crla

where RSF4,, is the relative sensitivity factor for element A with re-
spect to the reference R, C'4 and Cpr are concentrations of element A
and R, respectively, Ir and I, are the secondary ion currents for el-
ements R and A, respectively. The major element is usually used as
a reference. In many cases only traces of element A are monitored
and therefore it can be assumed that the concentration of the reference
element is constant. A more convenient RSF can be defined as:

RSF4 = RSFy, % Cp (3.13)

RSF,, = (3.12)

Then the concentration of an element A can be derived as:

Cy=RSF = (3.14)

However, this method is not always faultless. As it was mentioned, the
matrix effects may significantly change the ionization probability and
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thus the secondary ion currents which practically means that the RSF
is not a constant value, but depends on the composition of the sam-
ple. The quantification is trustworthy for homogeneous samples, but
a proper calibration for more complex samples is always a challenging
task especially for surfaces and interfaces between layers with differ-
ent compositions where the matrix is drastically changed. Alas, it is
the interface which is usually the most interesting region in the sample
to examine. Serious miscalculations may occur if the matrix effects
are not taken into consideration. Unfortunately, there is no universal
method to overcome this problem, in most cases the quantification will
not be possible if strong matrix effects are encountered.

Except for the matrix effects, the analysis of the interfaces may bring
about an additional problem: it may happen that two different mate-
rials have a distinct susceptibility to charging. This usually results in
a rapid change of the SIMS signals which does not correspond to the
change of the concentration, but is a measurement artifact. The best
example is the conductor/insulator interface where a drastic change of
charging conditions can be observed. It makes it very challenging issue
since the interface regions are very important for a proper quantifica-
tion, especially for the depth calibration. Unfortunately there is no
unquestionable mean to overcome the problem. The surface and the
interfaces of the examined sample have to be treated very carefully to
distinguish the real features from the SIMS artifacts.

. Measurement stability - At the beginning of the experiments the tool

was found to be very unstable. It was down more than a half of the
operation time. Moreover, even when it was possible to acquire some
measurements, many of them were unstable. Figure 3.12 presents some
examples of such profiles. The black curve shows a very noisy measure-
ment. An example shows an extreme situation when the disturbance
affects even the region where the signals drops to zero. In this case no
information can be acquired from the profile and the experiment had
to be repeated completely. The red and blue curves seem to be similar:
in both cases there is a disturbance in the intensity of the signal. It
is very short, actually it affects only one or a few data points. The
difference is that in the case of the red curve the intensity goes back
to the initial value, while it is not the case for the blue curve. It can
be concluded that in the case of the red curve there was some fluctu-
ation of the primary ion current, while in the case of the blue curve
the disturbance most probably affected the detector and therefore the
intensity did not come back to a normal value. Usually such a mea-
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surement has to be repeated except if only the qualitative information
was required. In the case of the red curve the quantitative analysis can
be performed as the artifact can be manually corrected. Nevertheless
in some situations, namely when the artifact appears in the most inter-
esting region, e.g. the interface between layers, it is advisable to repeat
the measurement. An important fact is that those disturbances usually
affected all signals in the profile. Fortunately, after some repairs the
tool was fully operational and no longer unstable. The following mea-
surements were performed after the initial problematic period and no
unstable measurement was ever taken into account during this work.

Noisy
Current problem
Detector problem

SIMS signals (a.u.)

lud 11

! I ! I 4 I ' 1 ' 1 N | ! |
0 200 400 600 800 1000 1200 1400
Sputtering time (s)

Figure 3.12: Some examples of unstable measurements. Black - a very noisy
signal, the experiment has to be repeated. Red - a short fluctuation in
the primary ion current, profile can be quantified if the artifact does not
affect a crucial region, e.g. interface. Blue - a detector disturbance, only the
qualitative information can be obtained.

There is another problem concerning the stability of measurements.
Even if the same sample is measured twice it is very often that the
intensity of all signals differs slightly, especially when the second mea-
surement was performed some days later, in which case it is impossible
to provide exactly the same measurement conditions (ion current, pres-
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sure in the chamber etc.). To overcome this problem signals should be
normalized. In the following experiment the reference was a 3Si signal
coming from the Si substrate. Therefore for every SIMS measurement
presented in this work the intensity of all signals will be relative and
presented in arbitrary units. Furthermore it is necessary to mention
that in most measurements the intensities of 3°Si (for Si substrate re-
gion) and Al and O, (for thin film region) signals were found to be very
similar (see Figure 4.2) and it may seem that they were simply normal-
ized. It was, however, purely coincidental and therefore it is important
to remember that the actual reference signal is defined as 3°Si signal
coming from the Si substrate.

It is very important to stress that all stability problems described above
concern the analyzing beam. The case of the sputtering beam is dif-
ferent. The tool that was used in the experiment has a very powerful
feature - the automated sputtering current control. The user specifies
only the desired value and the machine takes care to fulfill this con-
dition. For the tools which require the user to adjust the sputtering
current manually the fluctuation can reach even 5% between the mea-
surements. With the automated control the fluctuation is more than
an order of magnitude better. It ensures that the sputtering rate and
thus the time scaling of the profile has an extreme good reproducibility.
It is very important in this kind of measurements because sometimes
the production procedure differs slightly - only a few tens of degrees
of Celsius or a few seconds in annealing time. Without the automated
current control those differences could not be resolved. This was tested
on another tool without this feature and the results were very poor.
It can be even stated that without the automated current control this
experiment could not take place.

. Beams misalignment - The analyzing beam needs to be centered in

the crater made by sputtering beam. Unfortunately sometimes during
the measurement beam misaligns and the analyzing beam starts to
measure some part of the crater edge or even a non-sputtered areas. It
can significantly change the obtained depth profile and therefore after
each measurement the position of the sputtering and analyzing beam
(both recorded by the software) has to be compared to exclude such a
possibility. Otherwise the measurement has to be repeated.

. Ion induced thermal effects - for sputtering beam the ion dose is rel-

atively high (often higher than 10'7ions/cm?) and therefore ion bom-
bardment may increase the temperature of sample and thus activate



3.2. DIAGNOSTICS 89

the diffusion process. Fortunately in the following experiments this ef-
fect was found to be negligible small. The intensity of the normalized
Si- was compared for different sputtering energies (and thus doses) and
was found to be the same for each energy.

7. Samples aging - It is not always possible to measure the full sample
set at once, which would be the best. The reason is that sometimes
the tool was down or used for different purposes. Furthermore some
samples were manufactured later to fulfill specific conditions, often as a
result of conclusions driven from previous measurements. This caused
the problem that samples were measured after different aging time.
Sometimes it may be crucial, for example a metal material may oxi-
dize and change the outcome of the profile. Fortunately no significant
change because of aging was noted in the following experiment. The
same sample was measured again after several months from the first
experiment and the results were compared. The only difference was the
higher contamination level in the second experiment, but it was located
only on the surface and therefore does not influence the quantitative
analysis.

8. Different preparation conditions - As it was stated above, not all sam-
ples were fabricated at the same time and therefore the conditions were
slightly different. Furthermore some of the samples were kept in the
Clean Room environment while the others were exposed to air. It
could somehow change the depth profiles. Fortunately the only dif-
ference that was found was a various contamination levels, but, as it
was always very low, it did not affect the sputtering conditions in any
way. Furthermore an additional experiment was done with a sample
that was re-measured after long exposure to air. Again, no significant
difference was found except for a higher concentration of contamination
on the surface.
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Chapter 4

Results and discussion

4.1 Basic characterization

The basic properties of alumina are well known and characterized. The
thermally induced crystallization and compaction of the material has been
reported [235-237] and will be briefly summarized in this section. It will serve
as a background for further detailed discussion about the diffusion process
that occurs in alumina during the RTA.

4.1.1 Crystallization

It is obvious that during the thermal treatment the structure of the sample
may alter as the sample crystallizes during the process. It may significantly
influence the diffusion process, so before any detailed calculations can be per-
formed, the information about crystallization has to be acquired. The sample
set was investigated by the GIXRD. It was found that samples annealed in
temperatures above 900°C' are in the crystalline n-Al,O3 phase (see Figure
4.1).

4.1.2 Compaction and densification

The thickness measurements were performed by the ellipsometry and the
XRR and the results were found to be the same for both techniques. The
latter method provided also information about the sample density. Both pa-
rameters are presented in Table 4.1. Measurements provided an additional
proof of the location of the transition point around 900°C" it is expected
that during the crystallization samples densify and thus reduce their thick-
ness. Indeed, the biggest change of the sample thickness and density is

91
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Figure 4.1: The GIXRD measurements reveal that samples samples crystal-
lize in the n-Al;O3 phase at the annealing temperatures above 900°C'.

observed between 850[°C] and 900[°C] which corresponds to the GIXRD
measurements.

It is, however, important to emphasize that both processes, crystallization
and diffusion, occur simultaneously and both of them can have an impact on
the density and the thickness of the sample. Therefore a relative change of
the density is higher than a relative change of the thickness because, as it will
be shown in following sections, samples do not crystallize as monocrystalls
but rather have a polycrystalline structure; as a consequence some material
can be accumulated in grain boundaries (and thus increase the density of the
whole sample) without or with minimal influence on the thickness.

Most of the further analysis will have to be performed separately for the
crystalline and amorphous phases.

4.2 ToF-SIMS depth profiling

Figure 4.2 presents a typical negative mode ToF-SIMS depth profile for the
sample annealed at 1000°C' for 20 seconds including an additional reference
signal (Siref) representing the silicon intensity for an as-grown sample. The
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Annealing temperature | Thickness | Density
C] [nm] | [g/em’]
1100 14.5 3.92
1050 14.6 3.91
1000 14.6 3.84
975 14.6 3.84
950 14.6 3.84
925 14.6 3.83
900 14.7 3.83
850 16.0 3.11
800 16.0 3.01
750 16.0 2.97
700 16.0 2.87
650 16.1 2.85

as-grown 16.2 2.73

Table 4.1: The thickness and the density of samples annealed in a wide range
of temperatures. The densification and thus the shrinkage of the samples as
a result of crystallization is present for temperatures above 900°C'.

qualitative analysis reveals a diffusion of Si from the Si substrate through
the Al;Oj3 thin film during the RTA which leads to a segregation of Si on top
of the alumina layer surface. The amount of Si that is found inside and on
the surface of the sample depends strongly on the annealing temperature and
time. The depth profile may be divided into three separate regions: (i) a thin
top layer indicating surface segregation of Si, (ii) the alumina thin film with
a Si concentration gradient, and (iii) the interface to the Si bulk substrate
towards which the concentration increases rapidly. The definition of the
regions is arbitrary but the same procedure should be applied to all obtained
profiles. The end of the surface layer was defined at the local minimum of the
Si- signal and the interface between the thin film region and the substrate -
at the point where Al signal is decreased by half.

4.2.1 Quantification

Qualitative analysis provided valuable but incomplete information. To de-
scribe the diffusion process properly, the diffusion parameters should be de-
termined and thus a proper quantification of the depth profile is required. As
it was discussed in Section 3.2.7.1 and further treated in Section 3.2.7.4, the
direct quantification of the SIMS results is not possible. It can be, however,
accomplished by means of a relative sensitivity factor (see Equations 3.12 -
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Figure 4.2: A typical depth profile for the sample annealed at 1000°C' for
20s. All presented ions are singly ionized and each element refers to the
most abundant isotope. Three regions can be identified: (i) a thin top layer
indicating surface segregation of Si, (ii) the alumina thin film with a Si con-
centration gradient, and (iii) the interface to the Si bulk substrate. Siref
shows the intensity of Si- signal for a non-annealed sample. Sputtering rate
is significantly different for each region and therefore the depth scale was
adjusted for each region separately.
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Al:Si Si atomic x in Al;Si Oy
pulsing ratio | percentage (at%)
6:1 1.3 5.0
5:1 2.9 10.3
4:1 3.6 12.4
3:1 4.5 15.5
2:1 5.4 18.7
1:1 8.5 28.9
1:2 11.9 41.3
1:3 13.9 49.7
1:4 15.7 56.0

Table 4.2: Silicon atomic percentage for as-grown samples with the Al to Si
precursor pulsing ratio varying between 6:1 and 1:4, as obtained from XPS.

3.14).

An attempt to determine the RSF for the Si- signal was performed. As
it was discussed in Section 3.1.1 the composition of the Al; (SiyOy was var-
ied by adjusting the Al to Si precursor pulsing ratio between 6:1 and 1:4.
The Si atomic percentage of as-grown samples was determined by the XPS
measurements. However, there was a certain probability that the surface
contamination may significantly influence the measurement and hence an
additional measurement was performed: a low energy sputtering has been
used to remove several nanometers of a thin film (the side of the crater was
about 1mm) and the XPS measurements were performed on the bottom of a
crater shortly afterward. The second measurement did not show any discrep-
ancies. The result is presented in Table 4.2. Furthermore, all measurements
were performed in vacuum and therefore the possibility of the contamination
was limited.

Then, the intensity of the Si- signal was compared to the Si concentration
and therefore the RSF was determined. Furthermore, it was assumed that
for a small Si concentration it is constant. Figure 4.3 shows the comparison
between the ToF-SIMS intensity and the Si concentration. It is clearly visible
that up to the concentration of around 10% (which corresponds to = ~ 0.3
in Al «SiyOy) the dependence is linear and therefore the RSF is constant.
Above that limit the matrix effects start to play a significant role and the
quantification would be complex. It is important to stress that the RSF
was calculated according to the Equation 3.12 and with the constant matrix
concentration assumption (Equation 3.14) and in both cases the RSF was
independent on the concentration of silicon if it remains below 10% and was
dependent above 10%. Fortunately, the amount of Si that diffused through
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the sample during the RTA in those experiments was always low enough to
use a straightforward quantification procedure (constant RSF).

4.2.2 Segregation

As it was discussed in Section 3.2.7.4, the ToF-SIMS artifacts are very often
present at the beginning of the depth profile and therefore it was not certain
whether the Si peak originated from the actual segregation of Si on top of the
sample or was just a measurement artifact. Silicon segregation on the sur-
face of high-k materials was reported for ProO3, LayO3 [238] and PdsSi [239]
but additional measurements were required to deliver an undeniable proof.
Unfortunately samples had to be removed from vacuum and cleanroom envi-
ronment and therefore it was expected that the silicon on the surface would
be found in oxidized form. Both, XRR and XPS measurements confirmed
silicon segregation on the surface of samples. It was further noted that the
amount of Si on top of the sample increased for higher annealing temper-
atures and therefore it may be concluded that the Si segregation is a real
feature, not just a SIMS artifact. The quantitative description of those mea-
surements will be further explained in Section 4.4.3 where surface boundary
conditions are discussed.

4.3 Annealing conditions

As it was shown in previous sections annealing leads to the crystallization of
samples. This is, however, a complex process and one should expect poly-
crystalline structure. It is therefore advisable to manipulate the annealing
conditions as it may alter the crystallization process and thus provide useful
information about the microstructure of samples and perhaps even about the
diffusion mechanism. Samples annealed in various atmospheres and with a
different cooling rate will be discussed in this section.

4.3.1 Annealing ambients

Standard annealing was performed in an Ny atmosphere. An additional sam-
ple set was created and annealed in various ambients. The annealing time
was 20 and 60 seconds, while the temperature was 1100°C' and 700°C' for
crystalline and amorphous samples, respectively. It was not easy to select
the proper parameters, especially for the amorphous phase since at low tem-
peratures the diffusion is moderate and the differences may not be visible
if the annealing time is short. Furthermore some experiments showed that
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Figure 4.3: The relation between the intensity of the ToF-SIMS Si~ signal and
the Si concentration in the sample. For samples with small Si concentration
(below 10% which corresponds to x ~ 0.3 in Al (SiyOy) the dependence
is linear and therefore the RSF does not depend on the concentration of
the Si (black dots). In this region quantification is possible. When the
Si concentration increases the matrix effects play a significant role and the
RSF factor depends strongly on the Si concentration (red dots). Then the
straightforward quantification is not possible.
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samples annealed for a long time in a temperature slightly below 900°C' crys-
tallize. Therefore the temperature was chosen to be small to prevent the
crystallization, but with a much longer annealing time to allow a significant
amount of Si to diffuse into the sample.

Samples were investigated with the ToF-SIMS. Figure 4.4 and 4.5 present
the results for the crystalline and amorphous samples, respectively. The dif-
ference is clear. In the case of the crystalline phase the annealing ambient
has no effect on the diffusion process. Both the top segregated layer and the
diffusion gradient inside the thin film are the same for all samples. The only
factors that have an impact are the annealing time and the temperature. At
that point it is too early to determine the diffusion mechanism, but some con-
clusions can be formulated. As it was discussed in Section 3.1.2; the rapid
thermal annealing process may significantly reduce the number of defects.
Particularly, the annealing in the O, ambient should decrease the number of
oxygen vacancies in oxide materials[240-243] and thus, if the vacancy mech-
anism was dominant, the diffusion process should be significantly reduced.
However, this observation was not made, so that the vacancy mechanism
does not appear to dominate in the crystalline samples.

On the other hand, the amorphous samples show higher diversity. Figure
4.5 had to be carefully scaled to show the region of interest and the ambient-
related differences. Although the differences may seem small, but the result
was reproducible. The diffusion of silicon in samples annealed in Oy atmo-
sphere is reduced. An interesting fact was noted for samples annealed in
two steps, using the O, and Ny ambients. The diffusion is lower for samples
annealed for 30 seconds in oxygen and then in nitrogen than for samples
with reverse order or annealing. Similarly to the previous consideration, the
reduction of the oxygen vacancies can be related to the Oy annealing. How-
ever, it can be clearly noted that the amount of diffused substance is reduced
and therefore it can indicate that a presence of the oxygen vacancies may
have a significant impact on the diffusion process for amorphous materials.
This may lead to a conclusion that the dangling bond mechanism may play
a significant role in the diffusion process.

4.3.2 Cooling rate

As it was described in Section 2.3.5; the grain boundary diffusion is a com-
mon diffusion mechanism in crystalline samples and therefore the following
experiments were designed to investigate this possibility. It was mentioned in
Section 2.2.3 that the size of grains in many polycrystalline materials depends
on the cooling rate after the thermal treatment and thus a new sample set
with varying thermal treatment conditions was created. The basic principles
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Figure 4.4: The Si- signal for the samples annealed at 1100°C' for 20 sec-
onds in different ambients. The diffusion process does not depend on the
atmosphere. The additional signal for the sample annealed at 1000°C' in Ny
atmosphere was added as a reference.

of the experiment can be summarized as follows:

1.

Every sample was annealed in a conditions to ensure the crystallization
of the sample (if not specified otherwise the annealing temperature and
the time were 900°C and 20s, respectively).

The cooling rate was different for different samples.

The SIMS measurements were performed and the intensity of the Si-
signal was measured on the surface of the sample (region (i) in Figure
4.2) which is proportional to the total amount of material agglomerated
on the surface.

Each sample was post-annealed, but all parameters were exactly the
same for all of them: annealing temperature, the time and the cooling
rate.

The SIMS measurements were repeated and the relative intensity of
the Si” signal was once again determined.
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Figure 4.5: The Si” signal for the samples annealed at 700°C for 60 seconds in
different ambients. The diffusion process is reduced for the samples annealed
in the Oy atmosphere.

Very interesting observations were made: as it could be expected, for sam-
ples without the post-annealing the amount of diffused silicon was higher for
samples with lower cooling rates as they were effectively heated for a longer
time (see the black dots in Figure 4.6). However, the situation was reversed
after the post-annealing at low temperatures (see the red dots in Figure 4.6):
more silicon diffused into the samples which had higher cooling rates during
the first annealing. The result can be explained by the mechanism of the
grain boundary diffusion: samples cooled more rapidly form smaller grains
and therefore the grain boundary density (number of boundaries per unit
area) is higher. More grains means more high diffusivity paths and therefore
effectively more silicon may diffuse into the sample. It would be difficult to
explain this phenomenon by means of other diffusion mechanisms.

Furthermore different annealing conditions may change the width of the
grain boundary and for bigger boundaries more silicon may diffuse into the
sample. This effect, however, may not be confirmed by any of the available
measurement techniques. Transmission Electron Microscope or the 3D Atom
Probe Tomography (or other similar techniques) is required to check whether
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Figure 4.6: The intensity of the Si signal measured at the surface of the
sample as a function of the cooling rate of the first annealing (annealing
parameters: 900°C' and 20s). The scale between samples that were subjected
to the same annealing conditions is preserved, but the scale between black,
red and blue dots is not for a better legibility.

the annealing conditions change the width of the grain boundaries.

There were, however, a few exceptions. If the annealing temperatures
and / or time were very low, then the effect was not observed. It is very
easy to explain that as for such conditions very limited amounts of Si could
diffuse into the sample and hence the difference was not visible.

A more complex situation arose for samples post-annealed in much high
temperatures, usually exceeding 950°C' (see the blue dots in Figure 4.6). In
those cases the amount of diffused silicon was found to be almost the same
for all samples. Furthermore, the diversity was smaller for samples annealed
at higher temperatures and longer times. Once again, the explanation can
be delivered: samples post-annealed at high temperatures are subjected to
recrystallization and thus formation of a new grain structure. However as
the cooling rate for the post-annealing was the same so is the grain boundary
density. Thus the amount of silicon which diffused into the sample was also
the same. The small diversity may originate from the first annealing, but for
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high temperatures and times of post-annealing this effect is negligible.

A similar procedure was applied to amorphous samples but with the an-
nealing temperature always below 900°C'. However, the second SIMS mea-
surement always led to the same conclusion as the first one: more silicon was
found in samples which had a lower cooling rate during the first experiment.
No exception was observed. It is also very easy to explain: since there is no
grain structure, samples with lower cooling rates were effectively heated for
a longer time and therefore more silicon diffused into the sample.

4.3.3 Diffusion mechanism

This experiment delivers an additional premise that the grain boundary dif-
fusion is most probably the dominant mechanism in crystalline samples. It
is not a direct proof but a strong indication since it would be difficult to
explain such a behavior without resorting to the grain boundary diffusion
mechanism. It is worth mentioning that the influence of the cooling rate on
the grain size is well describe in the literature [244-247] and was reported
for various materials [248-251] including thin films samples [252-254]. Fur-
thermore, the influence of the grain size (and thus grain boundary density)
on the diffusion rate was also described and reported numerous times in the
literature [102, 106, 109-111, 115, 117, 255-258|.

4.4 Diffusion model

The qualitative information about the diffusion process was acquired and
therefore it is time to continue with the quantitative analysis. However,
to solve the diffusion equation the proper boundary conditions should be
set, just as it was explained in Section 2.3.2 and further discussed in Section
2.3.5 concerning the limitations of the diffusion process. As the latter section
suggested, three regions, namely, the source, the thin film and the surface
should be considered. With this information a suitable model of the diffusion
can be assumed and the specific solution of the diffusion equation can applied
to calculate the diffusion parameters.

4.4.1 Source boundary condition

As it was explained in Section 3.2.7.3, the Si signal coming from the substrate
was saturated for the standard detector raster and slit size. To overcome the
problem the time slit and thus the sensitivity of the detector was decreased.
A valuable piece of information about the diffusion profiles in the thin film
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Figure 4.7: The Si- signals for sammples annealed for 20s and different an-
nealing temperatures at the reduced detector sensitivity to avoid the satu-
ration of the signal. Dashed line represents the interface between the source
and the thin film region defined, as usual, at the point where Al signal is
decreased by half (signal not shown for a better legibility). The intensity and
thus the concentration of Si at the interface between the source and the thin
film region is constant.

region was not obtained, but the measurement allowed to characterize the
interface region in detail. Figure 4.7 presents the relevant comparison of the
Si signals for different annealing temperatures. A straightforward conclusion
can be formulated: regardless of the annealing temperature the concentration
of silicon is constant at the interface. A similar measurement was performed
on samples annealed at the same temperature but for different time. They
basically showed the same behavior, so they will not be presented. How-
ever, those experiments revealed that the assumption of the constant surface
concentration can be applied in the diffusion model.

4.4.2 Diffusion in the thin film region

For the solution of the diffusion equation with a constant surface concen-
tration (see Section 2.3.2) it was derived that the amount of material that
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Figure 4.8: The amount of substance found in the thin film region as a
function of time. As expected (see Equation 2.60), the square root relation
was noted. Symbols represent experimental data and solid lines square root
fitting performed on data from range 0 - 20 seconds where no diversion from
the expectations was noted. The fit was expanded for the full range.

diffuses into the sample is proportional to the square root of the time (see
Equations 2.29 and 2.60) if the diffusion length is smaller than the sample
thickness. It is essential to check whether this relation holds. A new sample
set was created with varying annealing time, the SIMS measurements were
performed, the intensity of the silicon signal was integrated over the whole
sample (regions (i) and (ii) in Figure 4.2) and its dependence on the anneal-
ing time was plotted in Figure 4.8. For samples annealed at low temperatures
no deviation was noted and the amount of diffused material scaled with the
square root of time. There were, however, some deviations for higher temper-
atures. For the highest temperature (1100°C') it started to deviate relatively
fast, after 20 seconds, whereas for 1000°C' it took much longer - approxi-
mately after two minutes of annealing. An important conclusion should be
made: the deviation for all signals (some of them are not presented in the
figure) always starts at the same level of relative intensity and thus the total
amount of the silicon that diffused into the sample is the same. It would be
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further interesting to determine the diffusion length at that point after the
diffusion coefficient is calculated (see Sections 4.5.1 and 4.5.2)

The other problem concerning the thin film region is the diffusion lim-
itations. Section 4.3 strongly indicated that the grain boundary diffusion
and the dangling bond mechanisms can be dominant in the crystalline and
amorphous samples, respectively. In spite of the lack of the direct proof
of a specific mechanism it can be concluded that defects play a significant
role in the diffusion process. Furthermore, the grain boundary diffusion is
highly anisotropic, with the fast diffusion rate along the boundaries and much
slower through the grains. It brings a difficulty to the proper interpretation
of the obtained results. There might be a lot of diffusion barriers, trap states
and even additional sources in the material. However, as it was explained
in Section 3.2.7.3, the usual raster size of the analyzing beam was 70pum x
70pm and therefore the average rate of the diffusion will be measured, as an
even distribution of defects can be expected. It is confirmed by the repro-
ducibility of the measurement. It is justified to assume that a simple solution
of the diffusion equation (as presented in Section 2.3.2, Equation 2.52) can
be applied. However, it should be acknowledged that the derived diffusion
parameters would describe the average diffusion conditions in the sample.
It would not be possible to attribute it to a specific diffusion mechanism,
e.g. the grain boundary diffusion.

4.4.3 Surface boundary condition
4.4.3.1 Time dependent relation

As it was already discussed in Section 4.2, the segregation on top of the
sample is a real feature not just a measurement artifact. The proper analysis
of this region is required to gain a valuable piece of information about the
type of the surface boundary, just like it was described in Section 2.3.5. The
dependence of the amount of silicon found on the surface on the annealing
time was investigated by the ToF-SIMS and the result for both the crystalline
and amorphous phases is presented on Figure 4.9.

In the amorphous phase the amount of silicon that is found on the surface
is very small and is not significantly changed with the increase of the anneal-
ing time and temperature. In most cases it was slightly bigger for higher
temperatures or times, but there were contrary examples as well. What is
most important is the fact that it was always very small and therefore may
be attributed to the surface contamination and therefore it can be concluded
that the surface segregation of Si is not present for amorphous samples.

In the crystalline phase, however, the amount of silicon found on the
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Figure 4.9: The relation between the Si- signal (which is proportional to the
amount of silicon found on the surface) and the annealing time. The amor-
phous sample (700°C') exhibits no significant segregation. For the crystalline
samples the concentration of the Si on the surface scales, as expected, with
a square root of time. Two diversions can be noted: at the beginning of the
profile the actual concentration is lower than expected (visible for 900°C' and
1000°C"). It shows that it takes some time for silicon to diffuse through the
sample and to form the surface agglomeration. Furthermore, the amount of
silicon that can agglomerate on the surface is saturable. Symbols (both full
and empty) represent ToF-SIMS experimental data and solid lines represent
square root fitting performed on the data in a range 20 — 50 seconds where
no diversion from the expectations was noted. The fits were expanded to a
full range. Full symbols and right scale represent XRR thickness measure-
ments of SiO9 layer (samples were exposed to air and therefore the top layer
oxidized). An agreement between ToF-SIMS and XRR measurements was
found and therefore it was possible to present both of them on the same
figure.
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surface increases with the annealing time. Similarly to the time-dependent
diffusion into the thin film region, it scales, as expected (see Equation 2.60),
with the square root of time with a diversion at the region of the lowest
and the highest times. In both cases the amount of silicon found on the
surface was below the expectations. The explanation of this phenomenon
is not difficult. The diffusing silicon, as described in Section 2.3.5, is not
expected to be found at the surface immediately as it needs some time to
diffuse through the thin film and to reach the surface. On the other hand, at
some point the saturation of surface segregation takes place and no additional
Si can be agglomerated. To prove this theory the time dependent diffusion
was analyzed for the full temperature range. It was noted that for the higher
temperatures the first effect is strongly reduced as the diffusion rate is higher
and thus the formation of Si segregated layer starts much faster. On the other
hand, since the diffusion is enhanced, in higher temperatures the saturation
appears earlier when compared to the samples annealed at low temperatures.
This phenomenon is very well visible in Figure 4.9. For the sample annealed
at 900°C' there is no saturation, but the diversity on the beginning is clearly
visible, while it is reduced for the sample annealed at 1000°C" and not present
at all for the on annealed at 1100°C'. In the two latter cases the faster
saturation for higher temperatures is clearly visible. It is also important
that the saturation is observed at the same amount of agglomerated silicon
for both cases.

This phenomenon was further confirmed by XRR and XPS measurements.
Unfortunately, as it was already mentioned in Section 4.2.2, samples had to
be removed from vacuum and cleanroom environment and therefore surface
contamination and oxidation of silicon layer was expected. Despite this flaw
an important information was obtained: XRR measurements proved that the
thickness of SiO, increased proportionally to the square root of the annealing
time and the thickness of a saturated layer was found to be 1.82 £ 0.15nm.
What is most important those measurements were found to be in agreement
with ToF-SIMS measurements that it was possible to present them on the
same figure (see Figure 4.9).

XPS measurements, beside proving the same time dependent relation, did
not provide any new information. Figure 4.10 presents atomic percentages
of Al and Si measured for samples annealed at 1000°C' (similar plots were
obtained for other temperatures). Just like it was proved by other meth-
ods the amount of silicon increased proportionally with the square root of
the annealing time. The process was found to be saturable and the results
were in agreement with other methods for all annealing temperatures. It
was not surprising that Al signal was still visible for saturated SiO, layer
because its thickness was smaller than the depth sensitivity of the tool. It is
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clearly visible that measurements are not of the highest quality - surface con-
tamination significantly influenced the results since for a pure AlyO3 atomic
percentage of Al should be 40% whereas it is significantly lower. Values of
Si atomic percentage for annealed samples is similarly reduced. Nevertheless

the most important part - time dependence and saturation were undoubtedly
confirmed.
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Figure 4.10: Atomic percentages of Al and Si measure by XPS for samples
annealed at 1000°C. Formation of Si agglomerated layer depends on the
square root of the annealing time. The process is saturable and occurs around
175s, just as it was proved by other methods. Symbols represent experimental
data and solid lines represent square root fitting.

During the XPS measurements there was an attempt to determine whether
agglomerated silicon absorbed some oxygen from the top part of alumina thin
film. No such a behavior was observed but since samples were exposed to
air oxygen depletion could have been easily replenished and therefore it was
not possible to determine whether this effect took place or not. It would be
advisable to repeat XPS measurements on samples without removing them
from the vacuum but at that time such measurements were not possible.
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4.4.3.2 Surface diffusion

XRR measurements were performed on several different spots for each wafer
and the results were found to be the same and therefore it was concluded
that most probably Si that diffused through the sample spread evenly on the
surface rather than formed islands located at the end of grain boundaries. To
confirm this expectation AFM imaging was performed and it turned out that
indeed SiO, was evenly distributed on the surface and the root-mean-square
roughness was found to be 4.7 & 0.3 A(higher than for as-grown samples
which was found to be 1.2 4+ 0.2 A, similar values reported in the literature
259, 260]). This was not surprising as after reaching the surface the Si is no
longer confined and may move freely in any plane directions.

The quantitative description of this process is very challenging. No in-
situ measurement was available and, what is more important, it is difficult
to describe the diffusion process on the surface when increasing amount of Si
is reaching the top of the sample every moment. Nevertheless some attempt
was done. It is important to emphasize that the proposed method does not
exactly describe the surface diffusion of the Si atoms during the annealing,
nevertheless it provides valuable information about the general extent of this
process and allows to explain the surface segregation in detail.

To measure the surface diffusion a new approach was required. An ad-
ditional sample set was produced where on top of the very thick (30 nm)
alumina thin film a small Si island was deposited. Its thickness was 2nm and
its base was in a quadratic form with a side length of 100pum and the shape
of that island was measured by AFM since it would be needed as a reference
for further measurements. However, the alumina thin film was already in
crystalline form because the sample was annealed before the deposition of
the silicon island. After the deposition the annealing process was repeated
and the AFM measurements on the Si island should provide the desired in-
formation about the surface diffusion. An additional test had to be done:
since the sample was annealed for a relatively long time it was essential to
check whether some Si did not diffused from the substrate to the surface.
The ToF-SIMS depth profile was obtained on the middle of the Si island.
Figure 4.11 presents the intensity of the Si signal for the sample before and
after post-annealing. It is clearly visible that the silicon did diffuse from the
substrate, but did not reach the surface and therefore it may be concluded
that it did not affect the measurement of the surface diffusion. Of course the
diffusion from the Si island toward the substrate is also present and visible
on the profile.

The samples annealed at a wide temperature range were analyzed with
the AFM and the diffusion profiles were obtained. Figure 4.12 presents the
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Figure 4.11: Si” signal for the samples with an additional silicon island de-
posited on the surface. The alumina thin film is thick enough to ensure that
during the post-annealing (at 1000°C' for 20s) no Si can diffuse from the
substrate and alter the surface of the sample.

example of the sample annealed at 1000°C' for 20s compared to the case with-
out the post-annealing after the Si island deposition. The surface movement
of Si is clear. In this case the quantification of the result is relatively easy,
because the extent of the system is much larger than the diffusion length
and therefore a simple equation of the diffusion into an infinite system can
be applied (see Equation 2.21)

The diffusion coefficient was calculated and presented in Table 4.3. In the
case of the as-grown sample the parameter presented in the table is of course
not the diffusion coefficient, but it describes an error made in the calculation
originating form not perfectly perpendicular wall of the Si islands. It was
found to be very small so it can be assumed that it does not play a significant
role in the calculations.

The temperature dependence of the diffusion coefficient was estimated as
described by the Arrhenius equation (see Equation 2.62 and Figure 4.13) and



4.4. DIFFUSION MODEL 111

B asgrown

2,00
® after post annealing

1,75—-
1,50
1,25—_
1,00—-

0,75 1

Thickness (nm)

0,50

0,25

0,00

0 25 50 75 100 125
X (nm)

Figure 4.12: The surface diffusion of the 2nm thick Si island deposited on
alumina thin film measured by AFM. Symbols represent the experimental
data and solid line represents the error functional fitting. The reference
measurement for the as-grown sample was included.

the activation energy was calculated. It was found to be 1.5+ 0.02eV at the
pre-exponential factor Dy of (7.4 4+ 0.3) x 10~%cm?/s

A straightforward conclusion can be made: the activation energy is low
and the surface diffusion coefficient is two orders of magnitudes higher than
for the bulk diffusion (compare with Section 4.5.1). This means that the
movement of the Si atoms on the surface is relatively easy, specially when
compared to the bulk diffusion. As it was mentioned before this experiment
cannot be directly related to the silicon that spread on the surface after the
segregation, but at least gives a good indication about the conditions of that
movement. In other words one should not expect to see Si islands located
only on top of the grain boundaries — the segregated atoms will spread
evenly on the surface forming a layer of Si, just like it was observed in AFM
imagining.
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Post-annealing temperature | Diffusion coefficient
[°C] 10~1%[em? /5]
1100 9990 £ 80
1050 6250 4+ 70
1000 4150 4+ 70
975 3080 + 60
950 2200 4+ 50
925 1590 £ 40
900 1250 £ 30

Table 4.3: The surface diffusion coefficient with standard deviation calculated
as the error functional fitting of the diffusion profile.

4.4.3.3 Conclusions

As it was proved by three independent methods the amount of silicon found
on the surface scales, as expected, with the square root of the annealing time
and the deviations were explained, the final conclusion can be formulated: no
or at least negligible amounts of silicon are lost to vacuum during the RTA
process. Furthermore it is justified to assume that the surface of the sample
acts as a sink boundary and the Si atoms that reach the surface are collected
and have no further impact on the diffusion process in the thin film region
provided that no saturation is observed. Therefore the boundary condition
at the surface of the sample can be set as a zero concentration assumption
for sufficiently short diffusion time.

4.4.4 Conclusions

All regions of interests were carefully characterized and assumptions were
justified and therefore a suitable model to describe the diffusion conditions
can be chosen. Out of many which were described in Section 2.3.2 the most
suitable is the one denoted as ”Constant surface concentration and finite
sample size” with the boundary and initial conditions C(x = 0,t) = 0,
Cz =1,t) = C5 and C(z,t = 0) = 0 (see Equations 2.40, 2.41 and 2.42,
respectively), where z = 0 and = = [ denotes the surface and the interface,
respectively. The solution is given in Equation 2.52. However, this model
can only be used if the diffusion saturation is not present and therefore the
standard annealing time was set to 20s. It was not advisable to set it to a
lower value, because for lower temperature limited amounts of the substance
diffused into the sample. It could not be higher either, because the saturation
was observed for the highest annealing temperature.
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Figure 4.13: The dependence of the diffusion coefficient on the inverse tem-
perature. Symbols represent the experimental data and solid lines represent
the linear fitting.

Figure 4.14 presents the error functional fit of the diffusion profile (region
(ii)). As it can be clearly seen the deviation is very small and therefore it
can be concluded that the model was adequately chosen.

4.5 Diffusion parameters

As the diffusion model was successfully established it is possible to perform
the quantitative analysis and thus two physical parameters, namely the dif-
fusion coefficient at infinite temperature and the corresponding activation
energy of the diffusion will be calculated. Furthermore, the diffusion length
at the saturation points will be considered.

It is important to emphasize that the following calculations of the dif-
fusion parameters are based on more than two thousands depth profiles for
samples with different thickness and measured in both positive and nega-
tive mode with different sputtering ion energy. The reproducibility of the
results were found to be almost perfect and thus it may be concluded that
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Figure 4.14: The Si depth profile for samples annealed at different tempera-
tures for 20s. Symbols represent experimental data and solid lines represent
error functional fitting on the diffusion profile

the accuracy of the calculated diffusion parameters is extremely good.

4.5.1 Diffusion coefficient

From the error functional fitting presented in Figure 4.14 the diffusion coeffi-
cient can be determined according to the Equation 2.52. The obtained result
for the full temperature range is presented in Table 4.4.

For the as-grown sample there is no diffusion nor segregation. The slope
in the interface region can be attributed to the ion mixing during the SIMS
depth profiling (see Section 3.2.7.1). However, the ion mixing affects pro-
files of annealed samples as well and therefore this effect should be properly
subtracted to obtain the actual value of the diffusion coefficient. The error
functional fitting was performed on the profile of the as-grown sample as well
and the resulting parameter M was determined. It describes quantitatively
the extent of the ion mixing effect. As the broadening of the diffusion profile
scales with the diffusion coefficient, the following relation can be formulated:

Dewp =D+ M (4.1)

where D.,, is the parameter obtained from the error functional fitting and D
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Annealing temperature | Diffusion coefficient | Diffusion coefficient
[°C] 10~1%[cm? /5] 10~1%[cm? /5]
1100 564 £ 16 562 £ 18
1050 243+ 14 241 £ 15
1000 97.7+6.9 96 £ 7.5
975 60.3 £5.3 59.0 £ 7.0
950 36.7+ 3.3 36.4 + 3.6
925 21.7+ 2.1 21.0+2.6
900 123 +1.1 11.94+1.5
850 4.0+0.3 -

800 28+0.3 -
750 1.84+0.2 -
700 1.2+0.2 -
650 0.7£0.2 -

Table 4.4: The diffusion coefficient with standard deviation calculated as the
error functional fitting of the diffusion profile (second column) and from the
amount of silicon found on the surface (third column)

is the actual diffusion coefficient. The parameter M was found to be much
smaller than the parameter D,,, and it can be assumed that D ~ D.,,. The
problem was a silent assumption that the ion mixing effect is the same for all
samples (constant M). Several different experiments were performed with
various energies of incoming ions and in both negative and positive modes.
The value of parameter M was changing, but it was always much smaller
than the parameter D.,, and the maximal difference for M calculated at
different conditions was smaller than an order of magnitude. Furthermore,
the difference between D.,, for various experiments was found to be very
small, in many cases negligible and therefore it was concluded that the ion
mixing effect does not play a significant role and the shape of the diffusion
profile can be attributed directly to the diffusion coefficient, i.e. D & Dy,
as assumed earlier.

The calculation of the diffusion coefficient can also be based on the
amount of silicon found on the surface. As it was discussed, it is reason-
able to assume that the system has a source-sink behavior. However, this
assumption is only valid for annealing times that are far from saturation.
As it was shown in Section 4.4.3, this is fulfilled for the particular case (an-
nealed for 20 seconds). The gradient of the concentration at x = 0, which
determines the flux through the boundary there, followed the Equation 2.61.
If the flux is integrated over the time of the annealing, the amount of silicon
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found on the surface can be calculated and compared to the experimental
value and thus the diffusion coefficient can be determined. As it is presented
in Table 4.4, the diffusion coefficient calculated with those two methods are
in a good agreement. This might serve as an additional, strong indication
that no or negligible small amounts of silicon are lost to vacuum during the
annealing process. Otherwise the diversity should be much higher.

At this point it is important to stress again an excellent reproducibility of
the results. As it was already explained in Section 3.2.7.4, each calculation
was based on at least ten profiles and the following results were complemen-
tary. In this case the situation is much stronger: the diffusion coefficient
was calculated from multiple measurements with both positive and negative
modes, different sputtering energies and what is most important - on samples
annealed for different times. And in every situation the resulting diffusion
coefficient was the same with very small discrepancies.

4.5.2 Diffusion length

As the diffusion coefficient was calculated, the corresponding diffusion length
can be determined as well. It is particularly interesting to examine the Ly
at points were some deviations from the square root of the time dependency
was noted.

At the beginning the total amount of silicon that diffused into the sample
as a function of time was analyzed (see Figure 4.8). It was noted that the
discrepancy occurs for Ly ~ 20nm. The value was higher than expected
since the relation given by Equation 2.60 should hold only for diffusion length
smaller than the size of the sample. However, the problem can be adequately
explained: as it was described above the sample can be approximated as a
source-sink system and therefore the Si atoms which reached the surface
have no further influence on the diffusion conditions in the thin film region,
provided that the surface saturation is not experienced (this assumption holds
in this situation, the surface segregation appears later, compare Figure 4.9)
and thus the amount of silicon that contributes to the diffusion process is
limited.

It is not proper to determine the diffusion length which corresponds to
the surface saturation, because the diffusion rate is significantly changed after
Lg = 20nm. However, a qualitative conclusion should be formulated: the
surface segregation is saturable, as it was already shown in Section 4.4.3
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4.5.3 Activation energy

As it was explained in Section 2.3.3, the temperature dependence of the dif-
fusion coefficient is given by the Arrhenius equation. Figure 4.15 presents
the Arrhenius plot as derived according to Equation 2.62. Two tempera-
ture regimes are evident which correspond to the transition from the amor-
phous to the crystalline phase around 1150 K. In both regimes, the linear-
ity confirms the validity of Equation 2.62. The derived energies of activa-
tion are 0.80 £ 0.03eV and 2.64 4+ 0.02eV at pre-exponential factors Dg of
(1.6 £ 0.3) x 107 "2cm?/s and (2.9 £ 0.2) x 10~*cm?/s for amorphous and
crystalline samples, respectively.
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Figure 4.15: The dependence of the diffusion coefficient on inverse temper-
ature. Linear behavior for two regimes: crystalline and amorphous phase.
Symbols represent experimental data and solid lines linear fitting.

It is important to interpret properly the calculated values and understand
what they mean in practice. The diffusion rate for amorphous samples was
found to be relatively low. Perhaps the collective mechanism (see Section
2.3.4) plays a significant role in the diffusion process. Further experiments
should be performed to determine the diffusion mechanism in amorphous
samples.
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4.5.4 Conclusions

The relatively small activation energy, in particular for the amorphous state,
allows for the diffusion of a considerable amount of Si into the film and to
the surface. This will alter the composition and the electrical properties of
the films, and may have a significant influence on the performance of the
alumina-based memory devices. Similar problems caused by Si segregation
were reported for other high-k materials too [238, 239].

The silicon segregated at the surface may not be the most challenging
obstacle. The knowledge of its presence gives a chance to get rid of it during
the production process by using cleaning procedures like etching. The by
far worse problem is the silicon diffusing into the thin film, especially when
one takes into consideration that the advancing of the scaling down of the
memory devices will require materials to be thinner than 15 nm as used in
this work.

4.6 Samples with different compositions

So far only the pure alumina thin films deposited on a Si wafer with a native
oxide have been considered (those samples will be named AOS denoting the
alumina-native oxide-silicon wafer stack). A relatively small modifications
of the stack composition may prove to be beneficial and therefore two major
changes will be discussed, namely an additional Si3N4 sublayer (ANOS - the
additional letter N denotes the additional nitride layer in the stack) and a
composite material, Aly_Si,Oy.

4.6.1 SizN, sublayer

Figure 4.16 presents a typical depth profile for sample deposited with a silicon
nitride sublayer. The presence of an additional layer can be easily seen
between the alumina thin film and the native oxide of the Si substrate.

The direct comparison of the AOS (see Figure 4.2) and ANOS samples
provides three conclusions:

1. The ANOS samples are somewhat less contaminated (lower C- signal).
This can be a result of a slightly different preparation conditions. Nev-
ertheless the contamination level for both samples is relatively low and
one would not expect any major influence on the diffusion process.

2. The Si diffusion and segregation is stronger for the AOS samples, which
is especially visible for the Si segregation peak. Total amount of diffused
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Figure 4.16: Typical depth profile for a sample deposited on a wafer with an
additional sublayer and annealed at 1000°C' for 20s. All presented ions are
singly ionized and each element refers to the most abundant isotope. Four
regions can be identified: (i) a thin top layer indicating surface segregation
of Si, (ii) the alumina thin film with a Si concentration gradient, (iii) silicon
nitride sublayer, and (iv) the interface to the Si bulk substrate. The Siref
shows the intensity of Si for a non-annealed sample. Unfortunately N~ signal
is usually too weak in SIMS measurements to draw any conclusions from
it and therefore NO™ has to be presented. Sputtering rate is significantly
different for each region and therefore the depth scale was adjusted for each
region separately.
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Annealing temperature | Diffusion coefficient | Diffusion coefficient
[°C] 10~ 1%[em?/s] 10~ 1%[em?/s]
1100 266 £+ 13 263 £ 13
1050 100 + 10 97 £ 11
1000 32.1+£2.7 31.84+2.9
975 19.2+1.9 19.2+2.1
950 106 £1.1 10.1 £1.2
925 6.6 £0.7 6.2 £0.8
900 3.1+£04 3.0£0.5
850 3.6£0.3 -

800 24+0.2 -
750 1.840.2 -
700 1.0+£0.2 -
650 0.6£0.2 -

Table 4.5: The diffusion coefficient with standard deviation calculated as the
error functional fitting of the diffusion profile (second column) and from the
amount of silicon found on the surface (third column)

Si is about 1.5 times higher for the AOS than ANOS after the identical
annealing treatment.

3. It should be also noted that the interface between the alumina thin
film and the substrate is defined in the same way as it was for the
AOS samples - at the point where the Al signal is decreased by half.
However, the intensity of Si- at that point is lower than it was for the
AOS samples and therefore it should be concluded that the surface
concentration (Cy in Equation 2.52) is smaller for the ANOS samples.

Following the same procedure as described before, the diffusion coefficient
for the ANOS samples was calculated. Table 4.5 presents the obtained result.
Once again a good agreement for both methods (calculation based on the
diffusion profile and the amount of silicon found on the surface) can be seen.

As an obvious next step the activation energy of the Si diffusion was
calculated. The Arrhenius plot is presented on Figure 4.17. The energies
of activation was found to be: 0.83 & 0.03eV and 3.10 4= 0.02¢V at the pre-
exponential factors Dy of (2.04£0.3) x 107"2cm? /s and (6.7+0.2) x 10~ 3cm? /s
for the amorphous and crystalline samples, respectively.

The comparison to the pure AOS film shows a rather unexpected result:
the diffusion parameters were found to be very similar for the amorphous
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Figure 4.17: The dependence of the diffusion coefficient on the inverse tem-
perature. The linear behavior for two regimes, the crystalline and amorphous
phases, is apparent. Symbols represent experimental data and solid lines rep-
resent linear fitting.

phase, whereas significantly different for the crystalline samples. An addi-
tional layer may influence the properties of the source e.g. the energy which
a diffusing atom should acquire to overcome the binding energy and to be
injected from the source to the sample, but it should not influence the actual
diffusion rate in the thin film region. In the case of the amorphous samples
this reasoning seems to be valid: smaller amounts of diffused Si are found
inside the ANOS than AOS samples, but so is the surface concentration of
Si at the interface and the diffusion rate is similar for both types of samples.

The situation was complex in the crystalline samples. The influence of the
substrate type on the microstructure of various materials (including chang-
ing the average grain size) was reported in the literature [261-264] but the
microstructure was determined during the growth of the samples whereas in
the following experiments crystallization (and thus formation of grains) oc-
curred during the annealing process of a full grown thin films and therefore
the influence of the substrate should be significantly decreased (or even not
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present at all). Therefore such a big difference of activation energy of ANOS
and AOS samples could not explained on the basis of the grain boundary
diffusion.

To overcome this problem an additional sample set was created: a thick
layer (30 nm) of alumina was deposited on wafers with native oxide and then
samples were annealed for a short time just to ensure the crystallization (it
was proved by XRD measurements). Since the annealing conditions were
exactly the same it could be assumed that the average grain size was the
same (or at least almost the same) for all samples. Only after that an addi-
tional 5 nm layer of SiOy or SisN4 was deposited on the top of the samples.
Annealing process was repeated but with much lower temperature (below
900°C) to avoid recrystallization and changing the grain structure. By com-
paring the ToF-SIMS measurements of both samples an ability of Si atom
originating from SiOy and SizNy to be injected into alumina thin films could
be determined.

The direct comparison was, however, not possible. Several issues had to
be taken into account before the final conclusion would be made. First of
all it had to confirmed that the silicon from the bottom of the sample did
not diffuse through the whole sample. The procedure was already described
in Section 4.4.3.2 and obtained results were very similar to those presented
in Figure 4.11 - it was confirmed that Si coming from the substrate did not
reach the top part of the alumina thin film.

The second problem was that, as it was already mentioned, the surface
concentration of Si was smaller for ANOS samples but since it did not change
the shape of the diffusion profile (see Equation 2.52) nor the diffusion length
signals were normalized (the value at the beginning of the diffusion profile
was set to 1).

The most challenging problem was the fact that SIMS mixing effects are
much stronger in the direction of sputtering and cannot be treated as negligi-
ble (for most experiments the diffusion from the substrate, not from the top of
the sample was considered). It was therefore immediately apparent that any
quantitative results would not be possible to obtain. Nevertheless qualita-
tive information was successfully established: ToF-SIMS measurements were
repeated with all possible ion species and energies (and hence with different
mixing properties) and for each measurement the result was the similar to
the one presented on Figure 4.18: the diffusion length was higher for AOS
samples.

A final conclusion could be formulated: since the grain structure was the
same for both types of samples (and thus the diffusion rate in the thin film
region can be assumed to be the same for both cases) Si atoms required higher
energy to be injected from nitride layer into the crystalline alumina thin film
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Figure 4.18: Normalized Si- signals originating from SiO, and SizN, layers
deposited on top of thick alumina thin films. Despite the elevated mixing
effects it is clearly visible that the diffusion length is higher for AOS samples.

than from the oxide layer. That is why the activation energy was found to
be higher for ANOS samples. It is not a surprising conclusion because SizNy
is reported to be more thermally stable than Si0O5[265]. Therefore the rate
of the thermal decomposition is higher for SiOs and thus more Si atoms can
be injected into the alumina thin film.

4.6.2 Composite material Al; Si O,

The same procedure as described above was performed for the Si-containing
samples deposited on both native oxide and silicon nitride substrates. The
ToF-SIMS depth profiles were obtained, diffusion coefficients were calculated
and plotted as a function of the inverse temperature and the activation energy
of the diffusion was calculated. A surprising fact was observed: the activation
energy for the amorphous samples (both AOS and ANOS compositions) and
for the crystalline ANOS samples decreases for higher silicon concentration,
whereas it increases for the crystalline AOS samples. Figure 4.19 presents



124 CHAPTER 4. RESULTS AND DISCUSSION

this relation. The dependence is linear and was found to be E, = 0.8 —
0.51z eV for the amorphous samples, F, = 3.10—0.53x eV for the crystalline
ANOS samples and F, = 2.64 + 1.65x eV for the crystalline AOS samples.
Parameter x describes the concentration of Si (Al SixOy).
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Figure 4.19: The dependence of the activation energy of the diffusion on
silicon concentration. The activation energy decreases with higher Si con-
centration for the ANOS samples and the amorphous AOS while it increases
for the crystalline AOS samples. Symbols represent experimental data and
solid lines represent linear fitting.

To explain the resulting data the samples with the different annealing
time were analyzed. The following observation was made: the crystalline
AOS samples have a strong tendency to form an intermixed layer between
the alumina and the silicon oxide layers. This results in the restraint of
further Si diffusion. This effect was not seen for the amorphous AOS and
both ANOS samples. Figure 4.20 presents a suitable comparison for the
crystalline AOS and ANOS samples. A small plateau of Si- signal clearly
visible for AOS samples can be attributed to an additional interface layer.

Furthermore, it was noted that the size of the interface layer depends
strongly on the annealing time and the Si concentration. The dependence
on the temperature is also present, but much weaker compared to the former
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Figure 4.20: Si" signal for the pure alumina samples annealed for 40 seconds.
An interface between Al,O3 and the substrate can be identified for the AOS
samples.

two factors. For larger interface thickness the restraint of the Si diffusion
was bigger.

One more interesting fact was observed. It turned out that the thick-
ness of the interface layer is proportional to the square root of the annealing
time as presented on Figure 4.21. This behavior is expected because as it
was explained in Section 2.3.2 the amount of silicon which diffuses from the
substrate into the sample is proportional to the square root of time (see
Equation 2.29) and the interface layer can be formed only if enough Si is
present in the sample. Plots were interpolated and it turned out that the
formation of the interface layer starts when the concentration of Si near the
substrate is x &~ 0.11 regardless the initial amount of Si in the composite
material. In other words: this condition is fulfilled from the very beginning
for the material with initial x = 0.12 and therefore the formation of the
interface is observed immediately. For samples with x = 0.06 it takes ten
seconds to accumulate enough silicon near the substrate to create the inter-
face layer and for pure alumina thin films - forty seconds. It was tested for
samples with different initial x as well and every time the interpolation gave
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the same result - the threshold annealing time required to start the forma-
tion of the interface layer corresponds to Si concentration x ~ 0.11 in the
region next to the substrate. Unfortunately the interface layer with thickness
lower than 0.5 nm is not visible in ToF-SIMS measurements. However, the
agreement of measurements on samples with different compositions suggests
that the threshold amount of Si required to form the interface layer is not a
measurement artifact.
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Figure 4.21: The thickness of the interface layer for Al SiOy, samples with
varying Si concentration x annealed at the same temperature for a different
periods of time. An interpolation of those plots suggested that the formation
of the interface layer starts at x ~ 0.11

Given the amount of information provided by the experiment, the final
conclusions can be formulated. Calculated activation energy is a global pa-
rameter describing the amount of silicon that can be found on the surface and
inside the alumina layer, but cannot be equivalent to the activation energy
of the diffusion only. At least four different factors have a major influence
on the global activation energy:

1. Injection of St from the substrate. The ability of Si to reach the alu-
mina thin film depends on the type of the layer stack. Experiments
with reversed stack composition (SiOy and SizNy layer deposited on
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top of the thick alumina thin film) proved that it is higher for the AOS
samples.

2. Interface formation. The crystalline AOS samples have a strong ten-
dency to form a blocking layer during the annealing which restrain
further diffusion. This effect strongly depends on the annealing time
and the Si concentration in the composite material layer since the dif-
fusion occurs in both directions and Si incorporated in the thin film
may participated in formation of an interface. The influence of the
annealing temperature is much weaker. It is reasonable to assume that
this phenomenon is not visible for the amorphous samples because not
enough silicon can diffuse to the sample for a given annealing times.
This effect was also not observed for the ANOS samples, but still may
be present, as suggested by Chang et al. [266].

3. Actual diffusion through the thin film. The slight decrease of the global
activation energy for the ANOS samples with the growing Si concentra-
tion serves as a indication that the diffusion is enhanced. It might be
explained by the higher probability of silicon to be segregated and thus
trapped (which means that it does not influence the diffusion process
any further) on the surface, but to gain detailed information further
analysis is required.

Taking into account three different processes that occur during the RTA
one can provide the answer for the phenomenon: for the ANOS samples the
injection of Si through the nitride layer is difficult, but the rise of the temper-
ature, the annealing time and the Si concentration increases the total amount
of Si on the surface and in the thin film. Therefore the global activation en-
ergy slightly decreases for the samples with higher Si concentration. On the
other hand the injection of Si through the oxide layer is relatively easy, but
the rise of the annealing time, the Si concentration and, to a small extent,
the temperature results in formation of an interface between the silicon ox-
ide and the thin film which restrains further diffusion and thus the global
activation energy increases for the samples with higher Si concentration or
annealed for longer times.

4.7 Dielectric measurements

Dielectric measurements were by provided by courtesy of Fraunhofer Institute
and were not performed by the author of this work.
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ToF-SIMS measurements provided a lot of useful information concerning
the diffusion and the structural changes in Al SixOy thin films. It is, how-
ever, always advisable to confirm an established diffusion model with other,
independent technique and therefore dielectric measurements were performed
on samples with various annealing conditions (time and temperature) and
compositions (composite materials).

It is obvious that that the measurement of a relative permittivity of a
sample is not enough to provide any advanced information about its struc-
ture or the diffusion process. The results, however, were compared to the
suggested diffusion model and an agreement was noted. It can serve as an
additional indication that the suggested model is valid.

4.7.1 Amorphous samples

At the beginning the samples without thermal treatment were investigated.
A relative permittivity of a pure alumina thin film was found to be 9.2040.05
which is in agreement with the value reported in a literature[36-42]. An inter-
esting fact was observed for composite materials: for samples with sufficiently
low amount of silicon (z < 0.2 in Al;4SixOy) the relative permittivity of the
sample decreases linearly with the increasing amount of silicon as presented
on Figure 4.22 and described by the Equation 4.2.

¢ =921 — 554z (4.2)

As it was discussed in Section 4.2.1 the amount of silicon that diffused
through the sample was below that limit for most experiments and therefore
it was possible to analyze the relative permittivity of amorphous samples
that were thermally treated as well.

An interesting observation was made for samples annealed at the same
temperature for different periods of time. It turned out that the relative per-
mittivity decreases with a square root of time. It is in accordance with the
expectations: as it was discussed in Section 2.3.2 the amount of silicon which
diffuses into the sample is proportional to the square root of time (see Equa-
tion 2.29) and the relative permittivity decreases linearly with increasing Si
concentration as derived in Equation 4.2.

Finally, the diffusion model suggested in Section 4.4 can be tested. As
it was derived the diffusion profiles should follow the Equation 2.52. It can
be combined with an empirical relation described by the Equation 4.2 and
thus the expected value of the relative permittivity can be calculated. The
procedure is relatively simple (see Figure 4.23 for schematic presentation):
a sample can be treated as a series of parallel-plate capacitors with a given
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Figure 4.22: The relative permittivity of the as-grown amorphous samples
scales linearly with the increasing amount of Si up to = ~ 0.2

capacitor area A and infinitesimal thickness dt. For each capacitor the con-
centration of silicon can be calculated in accordance with the Equation 2.52
and the resulting relative permittivity can be obtained from the Equation
4.2. Using a well known property of the series of capacitors the capacitance
of the whole sample can be calculated as an integral given in Equation 4.3:

1 Bt
5:/0 e(t)eoAdt (4:3)

Using this procedure the theoretical and experimental value of the relative
permittivity were compared and found to be in agreement. It is important
to stress that it was done for more than one hundred amorphous samples,
with different thickness, annealing time and temperature and a match of
theoretical and experimental values with negligible discrepancy was found for
all of them. It may serve as a strong indication that the suggested diffusion
model is valid.
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Figure 4.23: The sample is treated as a series of parallel-plate capacitors with
infinitesimally small thickness. For each capacitor Si concentration is deter-
mined from the previously established theoretical diffusion model and the
relative permittivity is calculated from the empirical relation. The capaci-
tance and thus the relative permittivity of the whole sample can be calculated
using the well known property of the series of capacitors.

4.7.2 Crystalline samples

The crystalline samples proved to be by far more challenging. It would
be advisable to perform a similar procedure like it was applied in case of
amorphous samples but a serious problem occurred: the basic information
about the amorphous samples was established by analysis of the uniform as-
grown Al (SixOy thin films. Alas, uniform crystalline samples do not exist,
simply because the crystallization process requires the thermal annealing and
it leads to the diffusion of Si from the substrate. One can of course argue that
for small amounts of Si a crystalline sample may have similar properties as an
amorphous one i.e. the relative permittivity should decrease linearly with the
increasing amount of silicon in the composite material. Such an assumption
may seem to be reasonable but it is just an ad hoc hypothesis. One has to
remember that crystalline alumina is an anisotropic material and the relative
permittivity is reported to be significantly different when measured parallel
and perpendicular to C-axis (11.5 and 9.3, respectively)[267]. Furthermore
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it was suggested that the grain boundary diffusion is the most dominant
diffusion mechanism and thus the anisotropy of the system can be expected to
be even higher. Assuming that the crystalline sample has similar properties
like amorphous one is therefore unfounded.

To overcome this problem a new series of Al;Si,O, samples was created
with much higher thickness (30 nm). They were annealed in low temperature
and for a short period of time, just to ensure the crystallization process.
ToF-SIMS measurements confirmed that for the pure alumina thin film the
silicon did not reach the top of the sample (see Figure 4.24). The relative
permittivity was measured and then the top 5 nm of the sample was sputtered
away with ToF-SIMS tool using low energy ions to prevent sample mixing.
The relative permittivity was measured again at the bottom of the crater
and from those two values the relative permittivity of the sputtered layer
could be directly calculated. Since silicon did not diffuse to that layer the
calculated value of the relative permittivity describes the properties of an
uniform crystalline alumina thin film.

In case of composite Al;_SiyOy thin films a small adjustment to the pro-
cedure had to be made since a surface segregation occurs immediately during
the annealing (Silicon that was already in the sample tends to agglomerate
at the surface). Before the first dielectric measurement the top 2-3 nm of the
sample was sputtered away to eliminate the surface segregated layer. The
rest of the procedure did not differ from the pure alumina thin film. In this
way the relative permittivity of uniform crystalline Al;SixOy thin films with
various Si content was measured.

The relative permittivity of a pure crystalline alumina thin film was found
to be 11.41 + 0.05 (as it was reported in the literature[267]). Similarly to
the amorphous samples for small amounts of Si (z ~ 0.2 in Al;Si,Oy) the
relative permittivity decreases linearly with the increasing amount of silicon
as presented on Figure 4.25 and given by the Equation 4.4.

¢ =11.41 — 7.64x (4.4)

Before checking if the dielectric measurements confirm the diffusion model
for crystalline samples one more measurement had to be performed. It was
mentioned earlier that in most crystalline samples a Si segregated layer is
present at the top of the sample. Using a well established technique (mea-
surement performed on the whole sample and repeated for sample with the
segregated layer removed) the relative permittivity of the top layer was found
to be 3.91 & 0.07 which is the value of silicon dioxide. It is not surprising
because samples were removed from vacuum before dielectric measurements
and the segregated layer is very thin (usually 1-2 nm) and therefore one
expect that the whole agglomerated silicon oxidized.
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Figure 4.24: ToF-SIMS measurements confirms that for sufficiently thick
sample silicon cannot diffuse to the surface of the sample and therefore such
a sample can be used to determine the relative permittivity of a crystalline
thin film. After the annealing the relative permittivity of the whole sample
was measured. Then a top 5 nm layer (dashed line) were sputtered away and
the dielectric measurement was repeated. The relative permittivity of the
removed layer can be directly calculated and since no Si managed to diffuse
up to that layer the result describes the properties of an uniform crystalline
sample.
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Figure 4.25: The relative permittivity of the uniform crystalline samples
scales linearly with the increasing amount of Si up to = ~ 0.2

With that knowledge dielectric measurements can be used to test the dif-
fusion model for the crystalline samples. The theoretical value of the relative
permittivity can be calculated using the diffusion profile (Equation 2.52) and
the empirical relation described by the Equation 4.4. An additional capacitor
representing the top segregated layer has to be added to the series and the
relative permittivity of the whole sample can be calculated as schematically
presented on Figure 4.26. Once again an agreement was found for more then
five hundred different samples with varying thickness and annealing condi-
tions (both temperature and time). It further confirms the validity of the
suggested diffusion model.

4.7.3 Interface

Samples with an interface layer (see Section 4.6.2) are particularly interesting
for dielectric measurements. The relative permittivity of the the interface
layer can be obtained by two different ways: ToF-SIMS low energy sputtering
can be used to remove the thin film up to the interface layer and then the
relative permittivity can be directly measured or one can measure the relative
permittivity of the whole sample and then calculate it for the interface layer
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Figure 4.26: The sample is treated as a series of parallel-plate capacitors
with infinitesimally small thickness. For each capacitor Si concentration is
determined from the previously established theoretical diffusion model and
the relative permittivity is calculated from the empirical relation. The top
layer (first nanometer) consists of silicon dioxide. The capacitance and thus
the relative permittivity of the whole sample can be calculated using the well
known property of the series of capacitors.

by subtraction of the impact of the Si segregated layer and the diffusion
profile, just as it was described for crystalline sample. It turned out that the
results of both procedures were consistent and therefore the second one was
used because it was significantly less time consuming.

The relative permittivity of the interface layer is significantly lower than
of the alumina thin films, usually ranging between 5.4 and 6. It was noted
that for pure alumina thin films the relative permittivity of the interface
layer is decreasing with a square root of annealing time as presented on
Figure 4.27. As it was previously discussed such a behavior was expected
due to the increasing amount of silicon diffusing into the sample.

The case of the composite Al SiyO, samples was by far more interesting.
It turned out that the relative permittivity of the interface layer is constant
for sufficiently low annealing times and starts to drop only after some time
(see Figure 4.27). The effect was particularly well visible for samples with
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Figure 4.27: For pure alumina thin films the relative permittivity of the in-
terface layer decreases with the square root of time. For composite materials
the relative permittivity is constant for sufficiently low annealing times be-
cause only limited amounts of Si can diffuse into the sample. After some
time the amount of diffused Si is comparable to the initial concentration and
then a clear decrease of the relative permittivity can be observed.

x > 0.1. The explanation of this phenomenon is not difficult. For sufficiently
low annealing times only a small amount of Si may diffuse into the sample
and the interface is formed from the silicon which was already incorporated
within the sample during the production. And since it was evenly distributed
the relative permittivity of the interface layer is constant. For sufficiently long
annealing times the amount of Si that diffused into the sample is comparable
or even surpass the initial concentration and thus the drop of the relative
permittivity can be observed.

One more phenomenon can explain the fact that the relative permittivity
of the interface layer is constant at the beginning of the annealing process.
Samples with a high concentration of Si (x > 0.3) were investigated. As
it was discussed in Section 4.2.1 the quantitative description is not possible
but the qualitative measurements revealed that the formation of the interface
layer may start during the production procedure. In other words: qualita-
tive ToF-SIMS measurements on as-grown Al; Si,O, samples with high Si
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concentration revealed a clear interface layer. And since the silicon is evenly
distributed in the sample the relative permittivity of the interface layer is
constant for sufficiently low annealing times.



Chapter 5

Summary

A sample set consisting of the Al;SixOy ultra thin films atomic layer de-
posited on a different substrates was fabricated, annealed in various con-
ditions and successfully investigated by means of the ToF-SIMS and other
analytical techniques. The thermally induced structural and compositional
changes that occurs in the alumina thin films during the annealing were
acknowledged and quantitatively characterized

This chapter will be devoted to summarize the knowledge that has been
obtained about the processes occurring in the alumina samples during the
annealing; to discuss their influence on the performance of the hypotheti-
cal alumina-based memory devices. Furthermore, usefulness of ToF-SIMS
technique as a leading analytical method will be discussed.

5.1 Results

Figure 5.1 presents a summary of the obtained results. Many of the processes
take place simultaneously but will be considered separately to provide good
comprehension of the annealing influence.

1. The Al SixOy ultra thin film is atomic layer deposited on the Si wafer.
The exact type of the substrate is not specified as the most conclusions
are similar and the differences will be noted. Then the sample is ex-
posed to the thermal process. A high temperature and a long annealing
time treatment will be considered since the integration of the alumina
thin films in memory devices requires them to be in the crystalline
phase.

At the beginning of the annealing process the sample is still amorphous.
The exact diffusion mechanism was not identified. There were some in-
dications pointing out at the dangling bond diffusion (a reduction of the

137
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Figure 5.1: Summary of the thermally induced processes occurring in the
Al SicOy ultra thin films: 1) Initial state, the thin film (brown) is deposited
on the substrate (gray). 2) Densification and shrinkage of the sample. 3)
Polycrystallization and formation of the grain boundaries. 4) Grain boundary
diffusion and surface segregation. 5) Surface diffusion and formation of a Si
layer covering the whole surface of the sample. 6) Formation of the interface
between the thin film and the substrate.
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diffusion rate for samples annealed in oxygen) and the collective mech-
anism (a relatively low value of Dy). However, the diffusion parameters
were quantitatively described: the activation energy was found to be
relatively low, but so was the diffusion coefficient and thus the Si dif-
fusion is very small, almost negligible, as the time when the sample
remains amorphous is very limited.

Furthermore the validity of the diffusion parameters was additionally
confirmed by the dielectric measurement. The theoretical and experi-
mental values of the relative permittivity of the samples were found to
be in agreement.

. At sufficiently high temperature the sample starts to crystallize after a

very short time. It leads to the densification and thus to the shrinkage
of the sample. It was found that the thickness of the sample is reduced
by about 10% of its initial value.

. The sample does not crystallize as a single crystal but forms a polycrys-

talline structure. The grain size and thus the grain boundary density
depend on the cooling rate. Bigger grains (i.e. lower grain boundary
density) is typical for samples with a lower cooling rate.

. The grain boundary diffusion is the leading diffusion mechanism in

the crystalline samples. Many observation were made which would be
difficult to explain without the grain boundary diffusion assumption
(e.g. the dependence on the cooling rate surface segregation of Si that
diffused through the whole sample).

Silicon is injected from the substrate and diffuse along the boundaries
toward the surface of the sample. There it segregates forming so-called
islands — regions where the diffused atoms are agglomerated.

The extent of the diffusion process depends on the type of the substrate.
It was proved that the silicon injection is much easier for samples de-
posited on a silicon wafer with a native oxide. An additional silicon
nitride layer prevents the penetration of silicon from the substrate to
the thin film region.

. The segregated silicon starts to diffuse along the surface of the sample.

The diffusion coefficient was found to be relatively large (two orders of
magnitude higher than the bulk diffusion) and therefore the formation
of island described in the previous point cannot be observed — the
silicon atoms are spread evenly on the surface very fast. The formation
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of a silicon layer was successfully acknowledged and its saturation was
observed and successfully characterized.

Similarly to the amorphous samples the validity of the diffusion param-
eters was confirmed by the dielectric measurements.

6. During the thermal treatment the thin film and the substrate start to
form an interface layer. Its size depends strongly on the annealing time
and the amount of Si that was incorporated in the thin film during the
production process. The temperature influence was much weaker but
still present. It was noted that the formation of the interface layer
may only start if enough silicon is present at the thin film/substrate
interface. The relative permittivity of the interface layer was found to
be significantly lower than of the alumina thin film.

This effect was very strong for samples deposited on wafers with just
native oxide. For samples with an additional silicon nitride layer the
effect was not observed by means of the ToF-SIMS, but its presence
cannot be excluded.

It can be concluded that the diffusion process occurring in the Al;_Sic Oy
ultra thin films deposited on a silicon substrate was described in details. The
relatively small activation energy allows for the diffusion of a considerable
amount of Si into the film and to the surface. This will alter the composition
and the electrical properties of the films and may have a significant influence
on the performance of the alumina-based memory devices. As it was already
mentioned before, the surface segregated layer does not seem to be a chal-
lenging problem, as it can be easily removed by various cleaning procedures.
The silicon incorporated in the thin film region is a far worse problem, espe-
cially at the interface with the substrate. It may create many trap levels and
significantly disturb the performance of memory devices. Further suggestions
about the analyzing and production techniques will be aimed to identify the
sources of the bad performance of memory devices and propose a suitable
procedure to overcome them.

5.2 Usefulness of ToF-SIMS technique

One of the biggest achievements of this work was delivering a proof that
Time-of-Flight Secondary Ion Mass Spectroscopy can be used as a leading
analytical technique for characterization of high-k thin films. Obviously, it
cannot work as a completely independent method as its measurements are
in relative form. There is always a need to compare the ToF-SIMS results
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with other analytical technique but after a few test a suitable models can
be created and further characterization can be performed with ToF-SIMS
measurements only.

At this point it is possible to measure an unknown Al SiyO, sample and
determine its thickness, composition before annealing (parameter x), exact
distribution of Si in the whole sample after the diffusion process, thickness
of the SiO, layer segregated at the surface of the sample, thickness of the
interface layer and relative permittivity of the whole sample and of any of
its parts and it can be achieved by a single ToF-SIMS measurement whereas
it would require several other techniques if no model was created.

Furthermore in the specific laboratory that this experiments were per-
formed ToF-SIMS method was usually cheaper and faster then other tech-
niques, it did not require any additional sample preparation nor removal from
the vacuum system which for some samples is a crucial requirement.

There is no reason to doubt that similar procedure of establishing suitable
quantitative models can be applied for other materials as well which can prove
to be beneficial both time- and expense-wise.

There are, however, some limitations. As it was shown for some sam-
ples which are significantly different then others (e.g. high parameter x
in Al;SixOy) quantification is not possible. For those cases only general
qualitative description was available. Furthermore it should be noted that
ToF-SIMS measurements in most cases can only describe global parameters.
Calculated activation energies and diffusion coefficients cannot be associated
with any of the specific diffusion mechanism but should be rather treated as
a global description of the diffusion process. Similarly, it was not possible
to obtain quantitative information about the microstructure of the samples.
Precise defect analysis and average grain size should be measured by other
analytical techniques.
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